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Bij het bestuderen van reacties in dunne films wordt vaak gebruik gemaakt van X-stralen
diffractie (XRD) aangezien deze techniek onmiddellijk een idee geeft van de compositie en
de textuur van alle kristallijne fasen die aanwezig zijn in het bestudeerde specimen. Meestal
wordt er gebruik gemaakt van de zogenaamde ‘Cook and Look’ methode waarbij men eerst
een voldoende groot specimen verdeelt in meerdere kleine stukjes die elk afzonderlijk onder-
worpen worden aan een bepaalde warmtebehandeling. Na afkoeling wordt er dan voor elk
van deze specimens een XRD spectrum opgenomen en door de identificatie van deze spectra
kunnen de opeenvolgende (kristallijne) fasen van de bestudeerde vaste stof reactie worden
bepaald. Deze methode is zeer arbeidsintensief en levert enkel informatie op voor enkele dis-
crete temperaturen tijdens de vaste stof reactie. Daarom is het voor het bestuderen van vaste
stof reacties aangewezen om gebruik te maken van een in situ karakterisatie techniek waarin
de spectra om de paar seconden worden gecollecteerd tijdens het opwarmen van het sample.
In dit doctoraat hebben we gebruik gemaakt van een combinatie van verschillende in
situ karakterisatie technieken zoals X-stralen Diffractie (XRD), Rutherford Backscattering
Spectroscopy (RBS), Laser Light Scattering (LLS) en 4-punts(resistiviteits)metingen om fa-
sevorming en kristallisatie in dunne films te bestuderen. Hierbij ligt de nadruk voornamelijk
op in situ XRD aangezien een eerste doelstelling van mijn doctoraat bestond uit het ontwerp
en de opbouw van een in situ XRD meetkamer aan de Universiteit Gent.
Deel I: De in situ XRD studie van de vaste stof reacties die optreden in verschil-
lende M/Si en M/Ge systemen
Silicides worden voornamelijk gebruikt als contacteringsmaterialen in huidige micro-elektronica
omwille van hun goede elektrische eigenschappen en omwille van het feit dat ze eenvoudig
op de geschikte plaatsen kunnen worden aangebracht door een vaste stof reactie tussen een
dunne metaalfilm en het Si basismateriaal (i.e. het self-aligned silicide proces). Dit impliceert
een grondige kennis van de M/Si vaste stof reactie aangezien de selectie van de juiste silicide
fase cruciaal is voor een goede werking van het metaal/halfgeleider contact.
In het eerste deel van dit doctoraat hebben we verschillende in situ technieken gebruikt
om de vormingstemperaturen van de verschillende fasen, de fasesequentie en de kinetiek van
de fasevorming te bepalen voor verschillende metaal/silicium of metaal/germanium systemen
waarvan de respectievelijke silicide of germanide fasen interessante elektrische eigenschappen
vertonen. Meer specifiek hebben we de volgende systemen onderzocht:
1. De Y/Si, Gd/Si, Dy/Si, Er/Si and Yb/Si systemen en de invloed van het toevoegen van
Yb aan het goed gekende Ni/Si systeem omwille van de gerapporteerde lage Schottky
barriere van zeldzame aard metalen (ZA) op n-type Si [1, 2, 3].
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2. Het Ir/Si systeem en de invloed van Ir op de fasevorming in het Ni/Si systeem omwille
van de lage Schottky barriere hoogte van Ir-silicides op p-type Si [4, 5].
3. Het Pd/Ge systeem aangezien PdGe door Gaudet et al. [6] werd gesuggereerd als een
van de meest belovende contacteringsmaterialen voor Ge gebaseerde devices.
De ZA/Si systemen De initie¨le fase die vormt tijdens de reactie van een dunne ZA film
en een Si substraat is afhankelijk van de massa van het ZA metaal. De lichte ZA metalen
(Y, Gd) vormen onmiddellijk een hexagonale h-MSi2−x fase uit de gedeponeerde metaal laag
terwijl voor de zwaardere ZA metalen (Dy, Er, Yb) deze hexagonale fase enkel gedetecteerd
wordt na de vorming van een intermediaire M5Si3 fase. Dit verschil in fase sequentie heeft
echter geen invloed op de textuur van de gevormde h-MSi2−x film aangezien voor elk van de
bestudeerde Si substraten (Si(100), Si(110) en Si(111)) dezelfde epitaxiale relatie is ge¨ıdenti-
ficeerd voor alle ZA metalen die deel uitmaakten van ons onderzoek. Het bleek moeilijk om
het verschil in vormingstemperatuur van de h-MSi2−x fase op de verschillende substraten
rechtstreeks te relateren met de kwaliteit van de epitaxiale relatie aangezien het positieve
effect op de drijvende kracht van de fasevorming dat veroorzaakt wordt door de lagere in-
terface energie van een epitaxiale laag wordt tegengewerkt door stress effecten die ontstaan
door de grote volumeverschillen die gerelateerd zijn met de h-MSi2−x vorming. Omdat deze
volumeverschillen en bijgevolg de stress invloeden veel minder groot zijn bij de vorming van
de othorhombische o-GdSi2 fase kon er bij de vorming van deze fase wel een direkte link
gelegd worden met de epitaxiale kwaliteit van de h-MSi2−x film.
Het Ni/Yb/Si systeem Het effect van het toevoegen van Yb aan het Ni/Si systeem is
sterk afhankelijk van de Yb concentratie die gebruikt wordt. Voor lage Yb concentraties is
deze invloed minimaal en komt de gedetecteerde fasevorming goed overeen met de gerappor-
teerde Ni2Si, NiSi en NiSi2 fasesequentie van het Ni/Si systeem. Voor hoge Yb concentraties
is daarentegen een duidelijke invloed zichtbaar aangezien Ni-Yb fasen makkelijk vormen. Voor
alle specimens kan duidelijk de vorming van een ternaire Y bNi2Si2 fase worden waargenomen.
Het voorkomen van deze fase is verklaarbaar door het grote verschil in atoomgrootte en mo-
biliteit tussen Yb en respectievelijk Ni en Si. In alle experimenten werd ook een verplaatsing
vastgesteld van de Yb atomen naar het oppervlak van de dunne film. Deze verplaatsing kan
gelinkt worden aan de vorming van de NiSi fase aangezien uit RBS resultaten bleek dat deze
fase altijd vormt aan de interface met het Si substraat. Door de beperkte atomaire reso-
lutie van RBS is het echter onmogelijk om vast te stellen of er nog een zeer beperkte Yb
concentratie overblijft aan deze interface.
Het Ir/Si systeem Tijdens de vaste stof reactie van een 30 nm Ir film met verschillende
Si substraten werd de sequentie¨le vorming van IrSi, Ir3Si4, Ir3Si5 en IrSi3 vastgesteld. De
vorming van de Ir3Si4 was nog niet eerder gerapporteerd in literatuur, wat waarschijnlijk
verklaarbaar is door het zeer kleine temperatuurinterval waarin deze fase detecteerbaar is.
Daarenboven werd rond 400 ◦C de kristallisatie van een amorfe IrSi fase vastgesteld, wat erop
wijst dat de Ir en Si atomen al kunnen reageren tijdens het depositieproces. Met behulp van
een Kissinger analyse hebben we de activeringsenergie van zowel dit kristallisatieproces als
van de vorming van IrSi, Ir3Si4 en Ir3Si5 bepaald. Door deze waarden te vergelijken met
gerapporteerde waarden voor diffusie door de verschillende Ir-silicides kon worden vastgesteld
dat deze processen waarschijnlijk diffusie gecontroleerd zijn.
vHet Ni/Ir/Si systeem Het toevoegen van Ir aan het Ni/Si systeem heeft slechts een
kleine invloed op de fasevorming. Zo werden er geen Ir-silicides waargenomen maar was de
invloed van de Ir atomen gelimiteerd tot het be¨ınvloeden van de vormingstemperatuur van de
verschillende Ni-silicides. Deze invloed wordt hoofdzakelijk veroorzaakt door een verschil in
oplosbaarheid van Ir in de verschillende silicides. Zo zal de beperkte oplosbaarheid van Ir in
NiSi er waarschijnljik voor zorgen dat de Ir atomen zich preferentieel in de NiSi korrelgrenzen
vestigen. Aangezien fasevorming voornamelijk gebeurt door diffusie aan de korrelgrenzen,
kan de aanwezigheid van deze Ir atomen leiden tot een vertraagde groei van de NiSi fase. De
invloed van de Ir toevoeging wordt het meest duidelijk tijdens de nucleatie gecontroleerde
groei van NiSi2, aangezien het entropieverschil dat veroorzaakt wordt door het verschil in Ir
oplosbaarheid in NiSi en NiSi2 de fasevorming domineert wat resulteert in een lagere NiSi2
vormingstemperatuuur. De lage vormingstemperatuur van NiSi2 voorkomt de agglomeratie
van de dunne film en bijgevolg vertoonden alle Ni/Ir/Si specimens een lage resitiviteit voor
temperaturen tot ongeveer 850 - 900 ◦C.
Het Pd/Ge systeem Tijdens de dunne film reactie van een dunne Pd film met een Ge
substraat werd steeds de vorming van Pd2Ge en PdGe gedetecteerd onafhankelijk van de
orie¨ntatie van het substraat of van de dikte van de Pd film. Op a-Ge is de vormingstemper-
atuur van beide fasen beduidend lager. Op Ge(111) duiden het ontbreken van diffractiepieken
in de in situ resultaten en de hogere vormingstemperatuur van PdGe op de epitaxiale groei
van de Pd2Ge fase op dit substraat. Aan de hand van poolfiguren kon deze epitaxiale re-
latie worden bevestigd en werd ook een zwakkere epitaxiale relatie met het Ge(100) substraat
ge¨ıdentificeerd. Met de hulp van in situ XRD en RBS metingen werd de kinetiek van de Pd-
germanide vorming bestudeerd waarbij de resultaten duiden op een diffusie gecontroleerde
simultane groei van beide Pd-germanides.
Deel II: De in situ XRD studie van kristallisatie effecten in dunne films
In vele hedendaagse toepassingen (zoals o.a. dunne film transistors (TFT’s) en zonnecellen)
wordt het Si (of Ge) bulk materiaal vervangen door dunne Si (of Ge) films aangezien deze films
enkele intrinsieke voordelen bieden zoals een goedkoper productieproces of de mogelijkheid
om hen aan te brengen op onregelmatige oppervlakken. Een groot nadeel hiervan is echter
dat deze films bij lage temperaturen meestal worden gedeponeerd in amorfe vorm. Aangezien
kristallijn materiaal typisch betere elektrische eigenschappen heeft, zou de kristallisatie van
de dunne films gebruikt kunnen worden om de eigenschappen van de gedeponeerde lagen te
verbeteren.
Een groot probleem hierbij is echter dat de kristallisatietemperatuur van Si (en Ge) veel
te hoog is om makkelijk integreerbaar te zijn in een productieproces. Een methode om deze
kristallisatietemperatuur te verlagen bestaat erin een metaalfilm in contact te brengen met
de amorfe halfgeleider. Bij deze Metal Induced Crystallization (MIC) techniek wordt meestal
gebruik gemaakt van een Au, Al of Ni film aangezien dit tot experimenteel bewezen goede
resultaten leidt. Om echter een goed inzicht te krijgen in het MIC proces is het nuttig om de
invloed van verschillende metalen met elkaar te vergelijken.
Daartoe wordt in het tweede gedeelte van dit doctoraat de invloed van een 30 nm metaal-
film op het kristallisatie gedrag van een 200nm amorf Si (a-Si) of amorf Ge (a-Ge) film
onderzocht met behulp van de verschillende in situ technieken. Hierbij werd vastgesteld dat
de aanwezigheid van een metaalfilm altijd resulteerde in een lagere kristallisatietemperatuur
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voor beide amorfe halfgeleiders. De metalen die de kristallisatie het meest be¨ınvloeden zijn
meestal identiek voor beide halfgeleiders (Au, Al, Cu, Ag, Ni en Pd), al leiden Pt en Mn ook
tot goede resultaten op respectievelijk a-Si en a-Ge.
De invloed van het metaal op de kristallisatietemperatuur werd be¨ınvloed door de reactie
tussen het metaal en de halfgeleider. Hierdoor konden de resultaten worden opgedeeld in 2
groepen.
Metalen met een eutectische reactie met de halfgeleider Voor Au, Al en Ag kon
de invloed van het metaal op de kristallisatie goed beschreven worden met behulp van het
model dat door Nast en Wenham is opgesteld om de invloed van een Al film op a-Si te
beschrijven, aangezien de initie¨le kristallisatie kon worden gelinkt aan de diffusie van Si or
Ge atomen in de metaal film. Bovendien werd ook layer inversion, i.e. het omkeren van
de positie van de metaal en halfgeleider laag, gedetecteerd met behulp van SEM beelden.
Een belangrijk punt dat echter niet overeenkwam met de theorie van Nast et al. is dat een
twee-staps kristallisatieproces werd gedetecteerd voor alle eutectisch reagerende metalen met
een tweede stap dichtbij de eutectische temperatuur. Aangezien de kristallisatie voornamelijk
wordt be¨ınvloed door de diffusie van de Si of Ge atomen, werd deze stap gelinkt aan een
toename in diffusiesnelheid door de aanwezigheid van een Si of Ge bevattende vloeistof in het
specimen.
Metalen die verbindingen vormen met de halfgeleider Voor de overige metalen in ons
onderzoek werd een duidelijke link gevonden tussen de kristallisatietemperatuur en ongeveer
2/3 van de smelttemperatuur van het silicide of germanide dat aanwezig is als de kristallisatie
start. Aangezien de diffusie van de elementen in een bepaalde fase belangrijk wordt rond
ongeveer 2/3 van de smelttemperatuur, legt deze observatie een direct verband tussen het
kristallisatieproces en de diffusie door de aanwezige silicide of germanide fase. Deze link werd
daarna nogmaals bevestigd tijdens een Kissinger analyse van de kinetiek van het MIC proces
van 4 verschillend metalen (Cu, Ni, Pd, Pt). Bijgevolg konden we gebaseerd op deze resultaten
besluiten dat het model van Jin et al., waarin de kristallisatie van a-Si in contact met Ni wordt
toegewezen aan de beweging van kleine NiSi2 deeltjes doorheen de amorfe laag, kan worden
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X-ray diffraction (XRD) is a well-known characterization technique for studying the phase
composition and texture of thin films. The technique is often used to study thin film solid-
state reactions, as it allows for a relatively straightforward identification of the crystalline
reaction products. Most frequently, an ‘ex situ’ approach is applied, whereby several identical
small specimens are submitted to different heat treatments. After cooling down to room
temperature, the individual samples are then characterized one-by-one. This ex situ approach
is quite time consuming and only provides data for discrete points during the reaction. A
more efficient approach consists of collecting XRD spectra during the heat treatment, i.e. ‘in
situ’.
In this work, two in situ XRD setups (one existing setup at the synchrotron of Brookhaven
National Lab and one setup at Ghent University which was built during the scope of this PhD),
are used to study two sets of materials which are both of relevance to micro-electronics. In
the first part of this PhD, we identify the phase sequence of various binary and ternary
systems of which the silicides or germanides display interesting electrical and morphological
properties which make them interesting candidates for future contact applications. In the
second part, a systematic study of the crystallization of amorphous Si and Ge thin films
in contact with different metals is performed in order to find materials which lower the
crystallization temperature to levels that are acceptable for production processes.
1.1.1 The formation of contact materials
In current Metal-Oxide Semiconductor Field-Effect Transistors (MOSFET), silicides (i.e.
compounds between silicon and another element of the periodic table) are primarily used
as contact materials as they lower the sheet resistance and provide stable Ohmic contacts
with low contact resistivity on gate and source/drain areas (figure 1.1) [7, 8].
The main characteristic which makes silicides ideal materials for contact applications lies
in their self-aligned growth mechanism which allows for a smaller spacing between conducting
elements than can be achieved by lithography. A schematic representation of the SALICIDE
(self-aligned silicide) process is shown in figure 1.2 for the case of Ti. The process starts with
the deposition of a metal film after the gate and source/drain (S/D) junctions are fabricated.
The metal deposition is followed by an anneal at a sufficiently high temperature to enable
silicide formation through the solid state reaction between the metal film and silicon. As metal
1
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Figure 1.1: SEM cross-sections of respectively 45-nm node PMOS (left side) and NMOS (right side)
transistors produced by Intel in november 2007 [9].
Figure 1.2: A schematic overview of the SALICIDE process using the Ti/Si reaction as an example
[7].
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silicidation is in general much faster than the metal-SiO2 reaction, this step automatically
ensures that silicide formation is limited to the regions where Si is exposed. After the heat
treatment, the unreacted metal film is removed using a selective wet etch to complete the
self-aligning part of the process. Finally, depending on the metal used, additional processing
steps (i.e. anneals) can be necessary to obtain the desired silicide or to enhance its properties
in order to meet the specific requirements of the S/D or gate contact applications.
To attain the required processing speed in future micro-electronics, continuous downscal-
ing of device dimensions is needed. The International Technology Roadmap for Semiconduc-
tors (ITRS) provides an overview of the requirements imposed by the decreasing dimensions
on the different elements of a transistor (table 1.1).
Year of production 2007 2008 2009 2010 2012 2015
Technology node (nm) 68 59 52 45 36 25
Gate length (nm) 25 23 20 18 14 10
Max. Si consumption (nm) 13.8 12.7 11 9.9 7.7
Silicide thickness (nm) 17 15 13 12 9
Silicide Rsheet (Ω/ ) 9.6 10.5 12.1 13.5 17.3
Contact Max Resistance. (Ω− cm2) 1.2E-07 1.0E-07 9.2E-08 7.0E-08 5.6E-08
Long Channel electron mobility 1.8 1.8 1.8 1.8 1.8 1.8
enhancement factor due to strain
Table 1.1: Goals for MOSFET materials due to the rapid decrease in chip size according to the
International Technology Roadmap for Semiconductors (2007). The characteristics for
which no manufacturable solution was known at the time are indicated in bold.
Based on table 1.1, it is evident that the device miniaturization requires a continuous
decrease in contact resistance and that the current NiSi based technology (figure 1.1) will not
suffice for the sub 45-nm node transistors [10, 11, 12]. This implies that either a replacement
material will have to be found or that the properties of the NiSi phase need to be further
refined by alloying the NiSi phase with a third element [13, 14, 15]. As the channel material
is usually heavily doped in the area below the metal/semiconductor contact, the contact
resistance is primarily determined by the tunneling of charge carriers through the potential










in which φB, ǫS , m
∗, ND and h¯ are respectively the Schottky barrier height, the dielectric
constant, the effective electron mass, the concentration of dopants in the semiconductor and
the reduced Planck constant. Based on equation 1.1, it is evident that the value of the contact
resistance is substantially influenced by the size of the intrinsic Schottky barrier height φB.
As rare earth (RE) metal silicides and Ir silicides display the lowest Schottky barrier height
on respectively n- and p-type Si, these silicides might be considered as possible replacement
or alloying materials for NiSi.
A second restriction which can be derived from table 1.1 is the continuous increase in
channel mobility. In current devices, the increased mobility is usually attained by the intro-
duction of stress on the channel material (figure 1.1) or by a small amount of Ge doping.
However, the Si technology is losing one of its key selling points due to the shift from SiO2
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toward high-k dielectric gate materials. As a result, other semiconductors with an intrinsic
higher electron mobility (Ge, GaAs) could become more interesting as a base material. Be-
cause of the large similarities with silicides, germanides are expected to be interesting contact
materials for Ge or GaAs based devices [16, 17, 6].
1.1.2 Crystallization enhancement using a metal film
In an increasing number of applications such as thin film transistors (TFT’s) and solar cells,
bulk Si or Ge substrates are being replaced by thin films as they display several advantages
such as a cheaper fabrication process and the possibility to be deposited on an irregularly
formed surface. However, the thin films are usually deposited at low temperature which causes
them to obtain an amorphous structure. As (poly)crystalline material typically displays
better electrical characteristics, crystallization of the thin films after deposition can be used
to improve the device performance.
However, the crystallization temperature of a-Si or a-Ge is typically too high to be used
in production processes as annealing at the high temperatures required for the crystallization
would cause unwanted phase formation or melting of ‘low cost’ substrates (i.e. plastics or
glass). One method to lower the crystallization temperature is Metal Induced Crystallization
(MIC) in which the crystallization temperature of an amorphous semiconductor (Si or Ge)
is lowered due to the proximity of a metal film. Good experimental results for MIC have
been obtained using a Au [18], Al [19] or Ni [20] film while the influence of other metals is
sporadically reported in literature [6, 21]. However, a broad survey in which all of the studied
M/a-Si systems are subjected to the same heat treatment would allow an easier comparison
of the respective crystallization temperatures and could help us establish general trends in
the crystallization behavior.
1.2 Scope of this work
In this work, a short introduction into thin film solid state reactions is provided first in chapter
2 followed by a description of the experimental setups in chapter 3. In this chapter, special
attention is given to the in situ XRD setups as they allow us to perform our experiments in a
time efficient matter and because a significant part of this PhD was spent on the design and
construction of the in situ XRD setup at Ghent university.
In the subsequent chapters (4 - 7), the formation and properties of potential contacting
materials for Si- and Ge-based devices are identified. In chapters (4 - 5), the phase sequence of
pure RE/Si reactions and their influence on the Ni/Si system is identified as RE-silicides are
known to display a very low Schottky barrier height on n-type Si. In chapter 6, Ir silicidation
and the influence of Ir addition on NiSi is studied because of its low Schottky barrier height
on p-type Si. Finally, to facilitate for the possible shift to other semiconducting materials
(Ge, GaAs), the solid state reaction between Pd and Ge is characterized in chapter 7 with a
special emphasis on the kinetics of this reaction.
In the second part of this thesis (chapter 8), the influence of 23 different metals on the
crystallization behavior and temperature of a 200 nm a-Si or a-Ge film is determined and the
similarities and differences are discussed using existing models for MIC.
Chapter 2
Introduction to thin film solid state
reactions
The silicides used in microelectronics are usually formed through a solid state reaction of a
deposited metal film and a Si substrate. To better understand the mechanics involved, a short
introduction to thin film solid state reactions is provided in this chapter. Special attention is
given to the kinetics of the reactions as these have a significant influence on phase formation
and phase selection in thin film systems.
2.1 Introduction
When two materials (such as a metal film and a Si substrate) are brought into contact with
each other, the resulting system is typically not thermodynamically stable as it can reduce its
Gibbs free energy by intermixing or compound formation. If the two materials are completely
miscible, the system will evolve toward a solid state solution of both elements with a smooth
concentration profile. However, for most materials, the mutual solubility is limited and the
intermixing gives rise to the formation of new phases (silicides). In that case, discontinuities
in the concentration profile are observed which can be linked to the binary phase diagram
(figure 2.1)
Theoretically, it is expected that all phases which are stable at a certain temperature T in
the phase diagram will also form in the binary diffusion couple kept at the same temperature.
This corresponds well with the typical behavior observed in bulk diffusion couples. However,
in thin film experiments, the simultaneous growth of multiple phases is an uncommon sight
as usually only one compound forms as long as both unreacted materials are still available.
The different behavior is commonly attributed to kinetic constraints or nucleation problems
induced by the limited dimensions of the thin film system.
For a better understanding of the respective differences, the primary processes involved
with compound formation in thin film solid state reactions are discussed in the following
sections. In general, phase formation can be considered as a 2-step process. First, the new
compound needs to overcome a thermodynamic barrier to enable the formation of very small
nuclei of the new phase. This process is known as nucleation and will be discussed in section
2.2. After the nucleation, the formed nuclei need a continuous influx of new material to
facilitate their growth. In the solid state, this requires diffusion of the respective elements
toward the growth interface. A general overview of diffusion in solid materials and several
5
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Figure 2.1: A schematic representation of an AB phase diagram (right) and the corresponding the-
oretical diffusion profile of the A/B diffusion couple (left) after a heat treatment at
temperature T [22].
models for diffusion controlled growth will be discussed in section 2.3 for both single and
multiple phase growth. As in most metal/silicon (M/Si) systems, the nucleation step is much
faster than the diffusion through the different layers, these growth models can be applied to
most silicidation reactions. Finally, this chapter is concluded with an overview of the current
literature on phase formation sequence in section 2.4.
2.2 Nucleation
Nucleation is the process which describes the initial formation of a new phase. Some of the
most commonly known examples of nucleation are the condensation of water droplets out of
water vapor (rain) and the creation of water vapor bubbles when boiling water. In both cases,
the phase transition can be linked to a critical temperature (boiling temperature, Tb) below
which the free energy of the liquid is lower than the free energy of the vapor and above which
the free energy proportion is reversed (figure 2.2).
Figure 2.2: Schematic representation of the free energies of two phases about a transition tempera-
ture Tb [23].
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At the transition temperature Tb, the free energy of both phases is identical and no phase
transformation is possible. However, at a temperature T (6= Tb), a difference in free energy
(∆G) exists between both phases which enables the nucleation of the more stable phase.
As the formation of a nucleus implies the necessary creation of a new interface between
the nucleus and the original system, the gain in volume free energy is counterbalanced by an
increase in surface energy. As a result, the nucleation process is controlled by the competition
between both contributions. Note that this mechanism is perfectly symmetrical with respect
to temperature.
Similar nucleation processes are observed in thin film solid state reactions during the
crystallization or formation of a new phase. For most M/Si systems, the nucleation of the
new phase is so fast that experimental observation of the nucleation process is problematic.
However, for some metal silicides, nucleation was identified as the rate controlling step of
their formation reaction (table 2.1).
NiSi → NiSi2 800 ◦C MnSi → Mn11Si19 555 ◦C
CoSi → CoSi2 500 ◦C Os2Si3 → OsSi2 740 ◦C
Pd2Si → PdSi 850 ◦C ZrSi → ZrSi2 625 ◦C
RhSi → Rh4Si5 825 ◦C HfSi → HfSi2 685 ◦C
Rh4Si5 → Rh3Si4 925 ◦C YSi → Y Si1.8
Ir3Si5 → IrSi3 940 ◦C RESi → RESi1.8
Table 2.1: Examples of nucleation controlled silicidation reactions and their nucleation temperature
[23].
These nucleation controlled silicidation reactions can be identified based on several char-
acteristic properties:
1. At temperatures below a certain critical temperature, no silicide formation occurs in-
dependent of the time spent at these temperatures.
2. When the critical temperature is reached, the phase formation is completed within a
very limited time interval.
3. The nucleated phase has a rough appearance due to the non-uniform growth process.
4. The nucleated phase is typically not the first phase that forms during the silicidation
although exceptions such as the formation of RESi2−x are known.
In the remainder of this section, we will provide an explanation for these properties based on
the classical nucleation theory (section 2.2.1) and briefly discuss a statistical method which
is commonly used in nucleation studies (section 2.2.2). For a more detailed description of
the nucleation process in M/Si systems, interested readers are referred to an excellent review
published by d’Heurle [23].
2.2.1 Classical theory of nucleation
In solid state reactions, the formation of a new phase AB generally starts at the interface
between the phases A and B. In good correspondence with figure 2.2, the formation of this
phase is enabled by the lower free energy per unit volume of AB compared to A + B at the
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considered temperature. Assuming that the AB nucleus is spherical, the difference in free
energy ∆G leads to a ‘gain’ in volume free energy ∆GV relative to the size of the formed
nucleus (∆GV ˜ ∆Gr3). The formation of the nucleus also implies the creation of two
new interfaces (A/AB and B/AB) to replace the original A/B interface. This introduces a
difference in interface energy
∆σ = (σA/AB + σB/AB)− σA/B (2.1)
which, for a spherical nucleus, results in a surface energy ‘cost’ of ∆σA ˜ ∆σr2. The
competition between the volume energy ‘gain’ and the interface energy ‘cost’ determines the
total free energy difference for a nucleus with radius r, which consequently is given by
∆GN = ar
2∆σ − br3∆G (2.2)
In this equation, a and b are geometrical terms to account for the fact that the nucleus is a
crystal and therefore typically not spherical in nature (figure 2.3).
Figure 2.3: The free energy of a nucleus as a function of its radius at a certain temperature T1.









(∆H − T∆S)2 (2.4)
Based on equation 2.2 (figure 2.3), it is evident that nuclei with a radius smaller than r*
are unstable and therefore will only exist in some equilibrium distribution while nuclei with a
radius larger than r* are able to grow. As such, ∆G∗ can be regarded as the activation energy
needed for the nucleation of AB at the A/B interface. The activation energy can be used to
define a rate of nucleation ρ∗ which is proportional to the concentration of the critical nuclei
with energy ∆G∗ and the rate at which these nuclei form due to local atomic rearrangement









From the combination of equations 2.4 and 2.5, it follows that the nucleation rate ρ∗ is pro-
portional to exp(−1/T 3). This can explain why nucleation controlled reactions are typically
observed in a limited temperature range as below this range nothing occurs while at higher
temperatures the nucleation is too fast for experimental observation.
Influence of the free energy difference ∆G Based on equation 2.4, a large activation
energy for nucleation is only obtained when the difference in volume free energy ∆G is very
small. As for most metal/Si reactions, the driving force (∆G) for the formation of the first
phase is typically very large and diminishes during the subsequent compound formation,
this can explain why most nucleation controlled reactions correspond to the formation of
the second or third compound in a silicidation process. The principle is illustrated in figure
2.4. In this figure, the driving force for the formation of the first phase AB out of the solid
solution α and B (MN) is much larger than that of the subsequent AB3 formation (OP).
Notable exceptions to this observation are several rare earth silicides for which the formation
of the first compound is controlled by the nucleation of the silicide (chapter 4).
Figure 2.4: Schematic representation of the free energy changes associated with the formation of the
phases AB (MN) and AB3 (OP) in the A/B diffusion couple [23, 24].
As most solid state reactions are dominated by the difference in enthalpy of formation
(∆Hf ) between the respective phases, the characteristic small ∆G of nucleation controlled
reactions automatically implies that the corresponding ∆Hf is also small. As a result, second
order effects such as entropy of mixing ∆S (due to mixing of the phases), elastic strain en-
ergy ∆Helastic (due to the volume change upon nucleation) and crystallization energy ∆Hcryst
(amorphous or crystalline phases) can all significantly influence the driving force of the nu-
cleation. Therefore, the driving force for nucleation controlled reactions is better written
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as
∆G = ∆Hf +∆Helastic +∆Hcryst − T∆S (2.6)
Influence of the interface energy ∆σ Due to our limited knowledge of interface energies
in solids, a thorough quantitative analysis of the influence of the surface energy term ∆σ
on the nucleation process is almost impossible. However, a good qualitative analysis can be
attempted based on the thermodynamic theory described in the previous paragraphs.
From equation 2.4, it is evident that the difference in interface energies caused by the
creation of the nucleus has a significant influence on the nucleation process as the sign of
the nucleation barrier is determined by the sign of ∆σ. As such, a negative value for ∆σ
always implies a spontaneous nucleation process however small the driving force ∆G is. On
the other hand, a positive value for ∆σ will significantly influence the height of the nucleation
barrier due to the direct correlation between ∆G∗ and ∆σ3. As the surface energy term ∆σ
is determined by the energy difference between the interfaces before and after the creation of
the nucleus,
∆σ = (σA/AB + σB/AB)− σA/B (2.7)
the size of ∆σ is primarily determined by the number of created and destroyed interfaces and
their respective interface energy.
In the solid state, the interface energies vary depending on the lattice match that is
obtained between the two phases. For epitaxial interfaces, the interface energy is almost
zero while for random interfaces values up to 2 ∗ 10−4J/cm2 have been reported [23]. This
indicates that the nucleation barrier for differently oriented silicide thin films depends on the
lattice match with the Si substrate and the interface structure. However, different crystal
orientations typically also result in different strain energies ∆Helastic. As these influence the
driving force ∆G of the nucleation (eq. 2.6), the total influence of texture on the nucleation
barrier ∆G∗ is usually not straightforward.
The surface energy term ∆σ also plays a role in the selection between homogeneous
and heterogeneous crystallization (figure 2.5). As during heterogeneous crystallization, an
additional interface (B/B) is destroyed by the formed nucleus, the value of ∆σ and therefore
the height of nucleation barrier will be lower than that of the corresponding homogeneous
nucleation. This can explain why heterogeneous nucleation is typically favored in thin film
solid state reactions.
Figure 2.5: Schematic representation of (a) homegeneous and (b) heterogeneous nucleation. [25]
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2.2.2 JMAK
A different approach toward nucleation was suggested by Johnson [26], Mehl [27], Avrami
[28, 29, 30] and Kolmogorov [31]. They developed a statistical model which predicts the
transformed fraction of the film χ(t) at a given time in terms of nucleation and growth rates
of processes. For an isothermal process, the generalized JMAK equation is
χ(t) = 1− exp(−χe(t)) (2.8)
in which χ(t) is the transformed fraction at the given time t and χe(t) corresponds to the
extended volume fraction which is typically of the form
χe(t) = k(T )t
n (2.9)
In this equation, k is a constant for a certain temperature T and n (the ‘Avrami constant’)
is either an integer or a half integer. The combination of both parameters can be linked to
a certain growth model. For example, a system in which the nucleation is continuous and
the growth three dimensional (spherical) is characterized by k = π/2 and n = 4. As a result,
the JMAK theory can be used to identify the kinetic processes of a solid state reaction by
comparing the theoretical values of k and n with those acquired by fitting experimental data
with equation 2.8. Of course, the JMAK analysis is only valid if the experimental conditions
match those of the theoretical system for which the JMAK equation was derived (constant
temperature, homogeneous nucleation . . . ). Therefore, a lot of research has been performed
toward the adaptation of the JMAK equation to different experimental conditions such as
non-homogeneous nucleation [32] or the use of a constant heating rate [33].
2.3 Diffusion
Upon nucleation of a new phase, the growth of this phase is typically governed by the rate
at which its constituants reach the interface of the growing nuclei. In the solid state, this
implies a direct link between the growth rate of a certain phase and the diffusion rate of the
elements through this phase. This link has been experimentally verified for a large variety of
solid state reactions and several models for diffusion controlled growth have been suggested
[34, 35, 36, 37, 38]. After a short introduction of diffusion in the solid state, two of these
models will be briefly discussed in this section. In a first model, the phase formation is
completely controlled by diffusion kinetics (section 2.3.2) [39] while in the second model the
atomic rearrangement at the interfaces is also taken into account (section 2.3.3) [40, 41, 42, 43].
2.3.1 General diffusion equations
Fick’s first law of diffusion Diffusion in the solid state is commonly described using Fick’s
laws of diffusion which link the diffusion flux of atoms (jA) of element A to its concentration
gradient (dcA/dr) by a diffusion coefficient D
f
A. In one dimension, Fick’s first law of diffusion
can be written as:
jA ˜ −DfAdcAdx (2.10)
It is however difficult to formulate a model for diffusion controlled growth in M/Si systems
based on this equation because:
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• Most silicides have a very narrow composition range in which they are stable (line
phases) resulting in a very limited concentration gradient.
• It is difficult to experimentally determine a concentration gradient and the evolution of
this gradient as a function of temperature is usually unknown.
• The reliance on concentration makes it difficult to link diffusion to thermodynamic
driving forces.
• ‘Up-hill’ diffusion of one component against its own concentration gradient has been
observed in several ternary systems [44].
Nernst-Einstein equation The Nernst-Einstein equation provides a more transparent
description of diffusion as it links the atomic flux of an element A (jA) to its thermodynamic
driving force (the gradient of its chemical potential (dµA/dr)) by a diffusion coefficient D
NE
A .
This direct correlation between diffusion and its driving force simplifies the interpretation of
the acquired parameters and allows an easy introduction of additional driving forces such as
stress effects or external electric fields. In one dimension, the Nernst-Einstein equation is
written as:







in which kB represents the Boltzmann constant and cA is the concentration of element A.
For a general solution of A and B, the chemical potential of element A is given by
µA = µA, 0 + kBT ln(γANA) (2.12)
with NA the mole fraction and γA the activity of element A. The substitution of equation
2.12 in equation 2.11 leads to the following relationship between the diffusion coefficients of











Based on this equation, it is evident that the diffusion coefficients are identical for ideal
solutions (γA = 1) while for non-ideal solutions a more complex relationship is obtained.
2.3.2 Parabolic growth model
A first model for diffusion controlled growth in M/Si systems is based on the assumption
that phase growth is only determined by diffusion through the growing phases. In each
phase, the diffusion is modeled using the Nernst-Einstein equation (equation 2.11) and several
assumptions are made that are generally applicable to M/Si systems [39, 41]:
• The nucleation of all phases is sufficiently fast so phase formation is determined by
diffusion.
• Planar growth of the phases with sharp interfaces between the different phases is as-
sumed.
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• One element is much more mobile than the other 1.
• The mutual solubility of M and Si is negligible.
• There is no concentration gradient in the silicides.
• The diffusion coefficient is constant inside one phase or represents some average from
one interface to another.
Based on these assumptions, it is evident that jA, cA and D
NE
A (as defined in equation
2.11) are all constant inside one phase. According to the Nernst-Einstein equation, this implies
that dµA/dx is also constant i.e. a linear variation of the chemical potential is expected within











in which ∆GA is the free energy change resulting from the motion of one A atom across
the growing phase, L represents the thickness of this phase and cA is equal to the atomic






which is characteristic for the growth rate of the studied phase (DNEA ) and the conditions of
its growth (∆GA).
Single phase growth
If we assume that phase formation in an unspecified M/Si system complies with all the
assumptions postulated in the previous paragraph, the growth rate of a single phase in this
system can be described based on only diffusion kinetics (equation 2.14). For example, assume
that a M2Si phase grows between two semi-infinite sources of M and Si (figure 2.6). If we
Figure 2.6: Schematic representation of the growth of M2Si between M and Si using the parabolic
growth model.
further assume that the metal (M) is the more mobile of the two elements and thus only
1This is not a strict condition for the theory presented in this section as it is possible to extend the model
to the more general case of diffusion of both M and Si [39].
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M diffusion has to be taken into account, the growth of the M2Si phase is governed by the
reaction
M + 1/2Si→ 1/2M2Si (2.16)
at the M2Si/Si interface. As the chemical reaction rate is assumed to be infinitely fast in the
presence of sufficient M and Si atoms, the growth rate of the M2Si phase is directly linked




In this equation, ΩM is equal to the volume increase of theM2Si phase caused by the diffusion
of a single M atom and thus equal to 1/cM .
As metal diffusion through the M2Si phase is modeled with the Nernst-Einstein equation













A general solution of this differential equation is given by:





From this equation, it is evident that the square of the thickness of the growing film is
proportional to the time t. This behavior is characteristic for this type of phase growth which
is therefore generally referred to as ‘parabolic kinetics’.
Multiple phase growth
A similar approach can be adapted to describe the simultaneous growth of multiple phases
(M2Si and MSi) in a M/Si system (figure 2.7).
Figure 2.7: Schematic representation of the growth of M2Si and MSi between M and Si using the
parabolic growth model
In the assumption that only the diffusion of metal has to be taken into account, the growth
of both phases is determined by the three reactions shown in table 2.2.
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Nr. Reaction interface flux
(1) M +MSi→M2Si M2Si/MSi j1
(2) M2Si→M +MSi M2Si/MSi j2
(3) M + Si→MSi MSi/Si j2
Table 2.2: Overview of the reactions which govern the growth of the M2Si and MSi film for the
system shown in figure 2.7 assuming that only the diffusion of metal is relevant.
In this table, the interface at which each reaction occurs and the atomic (metal) fluxes
which govern the reaction kinetics are also indicated. Based on this information, the growth
rates of M2Si and MSi can be written as:
dL1
dt
= j1Ω1 − j2Ω1
dL2
dt
= 2j2Ω2 − j1Ω2 (2.20)
In these equations, the factor 2 in the growth rate of the second phase (MSi) is present because
the diffusion of a single metal atom M through the growing MSi phase causes the formation
of 2 MSi molecules (one from the dissociation reaction M2Si→M +MSi at the M2Si/MSi
interface and one from the formation reaction M + Si→MSi at the MSi/Si interface).
Using the Nernst-Einstein equation to model the diffusion in one phase (equation 2.14),




















with α1 = −D1∆G1/kbT and α2 = −D2∆G2/kbT the effective diffusivities of M in both
phases. The solutions L1(t) and L2(t) of these coupled differential equations are of the same
form as the one found for the growth of a single phase (equation 2.19) and thus display the
characteristic ‘parabolic kinetics’ of diffusion controlled growth.
However, instead of solving equations 2.21 algebraically, it is more instructive to construct
a plot of the hypothetically two-dimensionally L1−L2 phase space (figure 2.8). For each point
in this phase space, the growth rate of M2Si and MSi can be determined using equations
2.21. This allows us to graphically determine the evolution of the M2Si/MSi system for any











, the M2Si/MSi system can
develop in 3 different ways which are indicated by the 3 separate regions in figure 2.8:
• When both initial film thicknesses are situated in region B, both phases will continuously
grow and the M2Si/Msi system will evolve toward a steady state situation with a fixed
thickness ratio L1/L2.
• When both initial film thicknesses are situated in region A, theM2Si phase grows while
the thickness of the MSi film decreases until 2α2L2 =
Ω2
Ω1
and the evolution of the system
enters region B.
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Figure 2.8: Different growth regimes in a M/M2Si/MSi/Si diffusion couple for pure parabolic ki-
netics. Figure reproduced from references [45, 40, 46].
• When both initial film thicknesses are situated in region C, the thickness of the M2Si
film decreases while that of the MSi film increases until the system reaches the line
α1
L1
= Ω1Ω2 and both phases can grow simultaneously (region B).
2.3.3 Linear-parabolic growth model
A second model for diffusion controlled growth is based on the assumption that depending
on the thickness of the growing film, the growth of a single phase is determined by either the
diffusion through this phase (thick films) or by some sort of ‘interface reaction’ (very thin
films). This ‘interface reaction’ is primarily introduced to solve an intrinsic problem of the
pure parabolic kinetics for very thin films as, for L→ 0, the growth rate dL/dt (equation 2.18)
becomes infinitely fast which is of course a physical impossibility. In addition, experimental
observations indicate that the parabolic kinetics cannot be extrapolated to the initial film
formation steps and that the initial growth rate is typically a function of tn with n ≥ 1 [47].
As the exact mechanism which governs the initial kinetics has not yet been identified, n is
usually assumed equal to 1 in theoretical treatments to simplify the mathematical formalism.
If we further assume that this initial linear growth is also related to an atomic flux (jA) which
in turn is caused by a free energy difference ∆GA, the interface reaction is characterized by:
dL
dt




The introduction of an ‘interface reaction’ to the parabolic growth of a single M2Si phase
between two semi-infinite sources of M and Si leads to the situation which is schematically
shown in figure 2.9.
Assuming that the M/Si system still complies with all the assumptions which were valid for
parabolic kinetics (section 2.3.2), the growth rate of theM2Si phase is in this case determined
by the combination of the reaction of M at the M2Si/Si interface (‘interface reaction’) and
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Figure 2.9: Schematic representation of the growth of M2Si between M and Si using the linear-
parabolic growth model
the metal flux toward this interface (diffusion). As the conditions for diffusion are similar
to those discussed in section 2.3.2, the metal flux through the growing M2Si phase is still








In contrast, the metal flux at the M2Si/Si interface is given by equation 2.22:
jMK = −cM KM
kBT
(µ3 − µ2) (2.24)
As no concentration gradient is allowed inside the M2Si phase, both metal fluxes have to be
equal (jMD = jMK) to prevent material build-up. Based on this equation, we can eliminate
the unknown factor µ2 from equations 2.23 and 2.24 and determine a general expression for








Based on this generalized flux rate, the growth rate of theM2Si phase can then be determined:
dL
dt










A general solution of this differential equation is given by:




This explains why this growth model is typically referred to as ‘linear-parabolic kinetics’.
This type of growth was first suggested by Deal and Groves to model the thermal oxidation
of Si [34].
Multiple phase growth
Based on the theoretical treatment in the previous paragraph, the linear interface kinetics can
be introduced during the simultaneous formation of several phases by replacing the diffusional
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Figure 2.10: Schematic representation of the growth of M2Si and MSi between M and Si using the
linear-parabolic growth model
atomic flux modeled by the Nernst-Einstein equation with the generalized flux determined in
equation 2.25. For the simultaneous growth of M2Si and MSi (figure 2.10), this implies that




















In these equations, the introduction of the constants K ′1 = D1/K1 and K
′
2 = D1/K1
implies that both phases do not have to grow simultaneously. This is best understood by
plotting the L1 − L2 phase space (figure 2.11). In this phase space, the introduction of the
Figure 2.11: Different growth regimes in a M/M2Si/MSi/Si diffusion couple for pure parabolic
kinetics. Figure reproduced from references [45, 46].
terms K ′1 and K
′
2 in equation 2.28 causes a shift from the origin toward the point (-K
′
2,-
K ′1). This shift will also cause a shift in the position of the boundary lines which separate
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the different growth regimes (determined by the positions where dL1dt or
dL2
dt become zero).
As a result, besides the 3 growth regimes discussed for parabolic kinetics (section 2.3.2),
an additional growth regime can be identified (region D). In region D, the M2Si phase will
grow at the expense of the MSi phase in a way similar to the general situation in region A.
However, for the systems situated in region D, the thickness of the MSi phase will become zero
before the simultaneous growth of M2Si and MSi becomes possible (region B). As a negative
thickness is not physical, this implies that the MSi phase will disappear for a certain time









K ′2 −K ′1 (2.29)
Note that although we limited ourselves to the description of only two phases, the formal-
ism described in this section can be extended to model the simultaneous growth of n phases
(n > 2). Interested readers are referred to appendix A and to some excellent reviews by Barge
et al. [39] and Laurila and Molarius [40].
2.4 Phase formation sequence
In most thin film silicidation reactions, the thickness of the formed silicides displays the
parabolic dependency on time which is characteristic for diffusion controlled growth [48]. As a
result, it is expected that for most M/Si systems, the growth of the various silicides is correctly
modeled by the diffusion controlled growth model derived in the previous section. Based on
the theoretical treatment in section 2.3.2, parabolic growth kinetics imply that all phases
which are stable at the annealing temperature will form at t=0 and grow simultaneously
as long as unreacted metal and Si is still available. However, this does not correspond well
with the behavior observed in most thin film experiments as typically the formation of a
single phase is detected during the initial stages of the solid state reaction. If the thickness
of this phase can reach a certain critical value before the metal film (or the Si substrate) is
completely consumed, the formation of a second phase becomes possible and both phases will
grow simultaneously as long as unreacted metal (and Si) is still available. However, if the
metal film is consumed before the first phase can reach its critical thickness (a situation that
in common in thin film experiments), the first phase becomes the seeding layer for the growth
of the second phase and sequential growth of the different silicides is detected. 2
Based on these experimental observations, two questions arise:
• Why does only one phase form during the initial stages of the reaction?
• What determines nature’s choice to select a certain phase to be formed first?
For binary M/Si systems, the first question can be resolved using common thermodynamics
as according to the Gibbs phase rule (F = C−P +2) only two degrees of freedom are allowed
in such a system. As both temperature and pressure are determined by the experimental
conditions, no degree of freedom is left for a variation in concentration across a hypothetical
2These experimental observations are in excellent agreement with the linear-parabolic growth model derived
in section 2.3.3. However, as no consensus has yet been reached concerning the physical meaning of the linear
term K, the introduction of the linear term is more considered as a mathematical trick and is therefore excluded
from the theoretical approach in this section.
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two-phase zone. Based on the same phase rule, such a variation in concentration is possible for
systems with at least 3 components. This is in excellent agreement with experiments as single
phase regions with straight interfaces separating the different phases are always observed in
binary systems while two phase regions have been reported in ternary or quaternary systems.
The answer to the second question is more complex as, in general, phase formation is
the result of the driving force for the transformation (thermodynamics) coupled with the
mobility of the reactants during transformation (kinetics). There is still some debate in
literature concerning which quantity is decisive which has lead to several theories and models
regarding phase selection and growth. A short description of some of the most known theories
for binary and ternary systems is provided in this section.
2.4.1 Binary systems
Walser-Bene´ The model of Walser and Bene´ is a thermodynamic model which is based
on the assumption that a very thin, amorphous region with a composition similar to the
composition of the lowest temperature eutectic of the M/Si system is present at the M/Si
interface due to intermixing of M and Si. As diffusion is only possible on a very limited scale
during the formation of nuclei, this allowed them to postulate that [49]:
The first compound nucleated in planar binary reaction couples is the most
stable congruently melting compound adjacent to the lowest-temperature eutectic
on the bulk equilibrium phase diagram.
The validity of this phenomenological model was verified by Pretorius et.al. [50] as the
model correctly predicts the first phase in 64 of the 84 binary systems studied in this reference.
Effective heat of formation Pretorius et al. [51, 52] claim that the main reason for the
failure of the Walser-Bene´ model for some M/Si systems can be attributed to the fact that
the concentration of the reactants at the growth interface is not taken into account. They
introduced this concept in the Walser-Bene´ model by defining an effective heat of formation
(EHF)
∆Hoeff = ∆H
o · effective concentration of limiting element
compound concentration of limiting element
(2.30)
in which ∆Ho is the standard enthalpy of formation. The ‘limiting element’ in this equation
is the element for which the effective concentration is lower than its concentration in the
compound to be formed. By assuming that the effective concentration is determined by the
composition of the liquidus minimum, the phase sequence in 67 of the 84 binary systems could
be predicted based on the following generic ‘phase rule’:
Phases will react with each other to form a phase with a composition lying
between that of the interacting phases whose effective heat of formation, calculated
at the concentration closest to that of the liquidus minimum within its composition
range, is the most negative.
In addition, the EHF model correctly predicted the first phase formation in an additional
7 systems while the failure of the model in the remaining 10 systems was attributed to
nucleation problems or an ill defined liquidus minimum.
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Phase selection based on kinetics This model is based on the experimental observation
that although the driving forces (∆G) for the formation of the first phase in most binary
systems are comparable in size, the diffusion through the various phases can vary by several
orders of magnitude. As a result, it is assumed that the first phase which forms in a M/Si
system is the phase in which the fastest diffusion of reactants is possible of all phase which are
able to nucleate at the annealing temperature. The basic idea of this model is summarized
by d’Heurle [47] as:
Generally, one gets that which grows!
Solid State Amorphization In many binary systems, the formation of an amorphous
interlayer is observed prior to the growth of the first crystalline phase. The amorphous layer is
stable until it reaches a critical thickness at which point nucleation of crystalline phases starts
in the amorphous film. Several models have been developed to explain this behavior of which
some attribute the stability of the amorphous phase to kinetic factors such as a large difference
in diffusion rate between both elements [53, 54, 55] while others link the observed behavior
to a difference in interface energy between crystalline/crystalline and crystalline/amorphous
interfaces [56]. However, in all models, the driving force for the amorphization is identified as
a large negative enthalpy of mixing for the amorphous solution compared to the crystalline
phases.
Conclusions All of the discussed models can explain the first phase selection or phase
sequence for a large number of binary systems but also fail for a limited number of systems.
This suggests that a general model which can explain the phase sequence in all binary systems
is still unknown. In addition, it is dangerous to identify a preferred model solely based on
experimental verification as the limited resolution of most experimental techniques implies
that it is possible that there is a difference between the first phase that forms in a solid
state reaction and the first phase that can be detected by the applied technique. However,
it is evident that both thermodynamic and kinetic factors play an important role during
phase selection and a generalized theory will therefore require a careful balancing of both
contributions.
2.4.2 Ternary systems
The introduction of a third element to a binary system in the form of an alloying element or
as an interlayer, introduces an additional degree of freedom in the resulting ternary system.
This makes prediction of the first phase which forms during solid state reactions even more
convoluted as in addition to the formation of solid solutions and binary phases, ternary phase
formation and simultaneous growth of two binary phases becomes possible. An interesting
review of the tendencies to form solid solutions or ternary compounds in a ternary system
was reported by Setton et al. [57]. A schematic overview of their findings is presented in
figure 2.12.
From this figure, it is evident that ternary phase formation only occurs for a minority of
the studied ternary systems. In addition, the existence of a ternary phase in bulk material
does not automatically imply that this phase will form during thin film solid state reactions
as this requires the ternary phase to be thermodynamically stable in contact with Si. In a
ternary phase diagram, this implies the existence of a tie line between this phase and Si. Only
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Figure 2.12: Schematic overview of the tendencies in bulk M1/M2/Si systems to form ternary com-
pounds or solid solutions [57].
for 6 of the studied systems such a tie line was observed which explains why ternary phase
formation is rarely observed in thin film experiments.
As a result, a ternary M1/M2/Si system can usually be considered as a combination of 3
separate binary systems (M1/Si,M2/Si and M1/M2). Based on this assumption, Thompson
et al. [58] were able to predict the phase formation inM1/M2/Si alloy systems based on simple
parameters such as phase formation temperatures and dominant diffusing species (DDS) of
the 3 separate binary systems. Three cases are considered:
1) The lowest formation temperature corresponds to one of the silicides and Si is the DDS
in the corresponding silicide reaction. This results in the formation of that silicide within the
original alloy layer which leads to a mixture of the silicide and the other unreacted metal.
The further evolution of this mixture depends on various parameters such as the temperature
and the solid solubility of the silicides.
2) The lowest formation temperature corresponds to one of the silicides but the metal
atoms are the DDS in the corresponding silicide reaction. This results in the formation of
that silicide at the Si substrate interface with an unreacted metal toplayer. Depending on the
Si diffusion, silicidation of this top layer is possible.
3) The lowest formation temperature is that of the M1/M2 compound formation. In this
case the evolution of the compound depends on the DDS during the silicide processes and the
stability of the compound in contact with Si. Usually, the metal in excess of the compound
composition segregates toward the Si substrate and forms a silicide.
Although the model was initially proposed for ternary alloys, it was later successfully
adopted for layered structures by Setton and Van Der Spiegel [59] in their study of phase
formation in Co/Ti/Si structures. They also expanded the model by adding the possibility
of ternary phase formation [57]. Based on the findings of Villars [60] concerning compound
formation and the experimental data summarized in figure 2.12, they proposed that ternary
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phase formation is most likely when there are large differences in atomic size and valency
between the various elements in addition to high heats of formation for the intermetallic
phases. In addition, ternary phase formation is most likely when the two metals react first
(option 3) as Si diffusion into the M1/M2 compound can then initialize the transformation
to a ternary phase. An overview of the phase formation in respectively alloy and interlayer
systems as predicted by the extended model of Setton et al. [61] is shown in figures 2.13 and
2.14.
Figure 2.13: Overview of the possible phase sequence in ternary M1 −M2/Si alloy systems [61].
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In this work, a large variety of characterization techniques is used to study the solid state
reactions in several binary and ternary thin film systems. A detailed description of the used
experimental setups and methods is provided in this chapter.
3.1 In situ characterization techniques
3.1.1 In situ XRD
X-ray diffraction (XRD) is a well-known characterization technique for studying the phase
composition and texture of thin films. The technique is often used to study solid-state reac-
tions in thin films, as it allows for a relatively straightforward identification of the crystalline
reaction products. Most frequently, an ‘ex situ’ approach is applied whereby several identical
small specimens are submitted to different heat treatments. After cooling down to room tem-
perature, the individual samples are then characterized one-by-one. This ex situ approach
is quite time consuming and only provides data for discrete points during the reaction. A
more efficient approach consists of collecting XRD spectra during the heat treatment, i.e.
‘in situ’. In this work, two in situ XRD setups were used to study solid state reactions and
crystallization behavior in a large variety of binary and ternary thin film systems.
The in situ XRD setup at Brookhaven National Labs
The first in situ XRD system used in our experiments is located at the X20C beamline of the
National Synchrotron Light Source (NSLS) in Brookhaven national laboratory (BNL), NY,
USA (figure 3.1). This system can simultaneously acquire resistivity (4-point probe), rough-
ness (Laser Light Scattering) and phase identification (XRD) and is the result of pioneering
work by a research group at IBM Research [62, 63, 64].
The setup is designed to heat samples up to 1200 ◦C in an inert atmosphere (typically
He). The energy of the X-rays is selected between 6.9 and 7 keV (λ = 0.177-0.180nm) by two
synthetic multilayer monochromators consisting of alternating layers of silicon and tungsten.
The relatively poor resolution is chosen to enable a high photon flux (2x1013 photons/second)
which allows for fast time resolved studies through the use of ramp anneals with a fixed rate
of up to 35 ◦C/s. The incident x-rays illuminate a sample area of 1x2 mm2. The diffracted
25
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Figure 3.1: Schematic overview of the NSLS institution (left) and the X-20C beamline setup (right).
x-rays are collected with a linear CCD detector covering 14 degrees in 2θ. The acquisition
speed of the detector for the full range is about 17ms. For the Laser Light Scattering (LLS),
two detectors measured the nonspecular reflection at -20◦ and 52◦ of a He-Ne laser with an
incidence angle of 65◦. This provides us with information on changes in surface roughness
with a lateral length scale of about 0.5 and 5µm, respectively.
A typical in situ XRD result is shown in figure 3.2 for the solid state reaction between a
100 nm Ni film and a Si(100) substrate during a 3 ◦C/s ramp anneal from 100 ◦C to 950 ◦C.
Figure 3.2: In situ XRD results of a 100 nm Ni film on a Si(100) substrate obtained at the in situ
setup in Brookhaven using ramp anneals from 100 ◦C to 950 ◦C at a fixed rate of 3 ◦C/s.
In figure 3.2(a), the normalised sheet resistance and LLS signals are shown as a function
of temperature. Corresponding XRD patterns measured with the detector centered at 42◦
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and 55◦ 2θ, are shown in respectively (b) and (c). Due to the fixed position of the linear
detector, only the center pixel of the detector will be in the Bragg diffraction condition for
planes parallel to the sample surface while at the other angles planes are detected which are
slightly tilted with respect to the sample surface. As a single XRD measurement is limited to
14◦ in 2θ, multiple measurements in different 2θ windows are often combined in order to view
all the relevant XRD peaks. The intensity of the detected X-rays is indicated with the use of
a logarithmic gray scale in which black corresponds to the highest intensity. In the remainder
of this work, a logarithmic color scale (red = highest intensity) will be used instead if this
increases the readability of the figures.
The in situ XRD setup at Ghent University
Within the framework of this PhD, a second in situ XRD system was built at Ghent Univer-
sity based on the design at Brookhaven. It consists of a commercially available Bruker D8
diffractometer, a linear ‘Vantec’ detector and a home-built annealing chamber (figure 3.3).
Figure 3.3: Overview of the in situ XRD setup at Ghent University.
In this setup, X-rays are generated by a standard Cu tube (CuKα = 0.1540 nm, 8.05 keV,
1.6 kW). A Go¨belmirror transforms the divergent x-ray beam emerging from this tube into
a parallel beam and eliminates most of the CuKβ radiation. No focusing optics are present
in the direction of the goniometer axis which results in a relatively large spot size of about
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5x20 mm2. The use of the linear Vantec detector in a fixed position allows for the acquisition
of an XRD spectrum over a 2θ range of up to 20◦ (table 3.1). As was the case for the setup
at Brookhaven (section 3.1.1), only the center of this 2θ range is in the Bragg diffraction
condition for planes parallel to the sample surface while the other angles are sensitive to
planes which are slightly tilted with respect to the sample surface. Through the use of several
anti-scatter shields, the system provides a sufficiently large signal to noise ratio to collect a
single scan every 2 s. At an annealing rate of 0.5 ◦C/s, this corresponds to one XRD spectrum
per degree Celsius. In addition, a 4-point probe can be installed on the system which allows
the simultaneous measurement of sheet resistance and XRD data.
Distance 2θ Angular FWHM
Sample - Detector range Resolution PdGe(121)
(mm) (◦) (◦) (◦)
100 21 0.014 0.47
220 12 0.007 0.26
300 8 0.006 0.27
390 7 0.004 0.33
Table 3.1: Characteristics of the Vantec linear detector depending on the distance between sample
and detector. In addition to the intrinsic parameters of the detector (2θ range and res-
olution), the FWHM of the (121)-peak of a 60 nm PdGe film observed after a 1 s fixed
scan, is also presented to provide an indication of the sharpness of the detected peaks.
The annealing chamber consist of a fixed lower part (figure 3.4,(b)) and a cap which needs
to be removed to load the samples (figure 3.4,(a)). In this cap, a 20 mm wide kapton strip
provides an access point for the X-rays while 2 small view ports allow optical access to the
sample when the system is closed.
Figure 3.4: The removable cap (a) and the sample stage (b) of the in situ setup at Ghent University.
The samples are heated using a BN-encapsulated graphite heating element produced by
Advanced Ceramics (figure 3.4,(b)). The heating element is covered with a Mo plate which
evenly distributes the generated heat. As a result, the heat received by a sample situated
on top of this plate is homogeneously spread across the entire sample. The heating system
is positioned on top of a water cooled copper cylinder which prevents heating of the entire
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annealing chamber and allows for rapid cooling of the sample. To provide some thermal
insulation, a quartz plate is wedged between the heater and the copper stage. The setup
allows us to heat samples from 20 to 1100 ◦C at a fixed ramp rate of up to 10 ◦C/s followed
by a rapid quench or a controlled cool down back to room temperature.
The temperature is measured with a Cr/Al thermocouple embedded in the Mo plate. To
calibrate the sample temperature depending on the readout of this thermocouple, the mea-
sured eutectic temperatures of the Au/Si, Al/Si and Ag/Si systems (figure 3.5) are compared
to their respective theoretical values (363 ◦C, 577 ◦C and 835 ◦C). Together with a fixed read-
out at room temperature (25 ◦C), this allows the creation of a temperature calibration curve
for each of the used ramp rates (0.2, 1 and 3 ◦C/s).




























Figure 3.5: The normalized integrated intensity of the Au(111), Al(111) and Ag(111) peaks during
a 1 ◦C/s ramp anneal of a 30 nm Au, Al or Ag film on Si(100). The melting (eutec-
tic) temperatures of these films were selected as the temperatures at which the rate of
decrease of these peaks are maximum.
To ensure a controlled atmosphere during the heat treatment, the system is pumped to a
base pressure of about 4 Pa (4x10−2 mbar) after loading the samples and subsequently purged
with a purified gas (He, Ar, N2). This procedure is repeated several times to remove as much
contaminants (particularly oxygen) as possible. To prevent air from flowing back into the
system and to further increase the homogeneity of the sample heating, a continuous gas flow
at a pressure slightly above atmosphere is applied during the XRD measurements. The purity
of the resulting atmosphere is verified by studying the solid state reaction between a 30 nm
uncapped Ti film and a Si(100) substrate using a 0.2 ◦C/s ramp anneal (figure 3.6, a). The
shift in the Ti peak to lower 2θ values and the appearance of TiO2 diffraction peaks around
600 ◦C indicate that traces of oxygen are still present in the annealing chamber. However, the
extent of the oxygen contamination is sufficiently low to allow TiSi2 formation at elevated
temperatures. In addition, 5 nm Si capping film (figure 3.6, b) is sufficient to completely
prevent the Ti oxidation.
Comparison of both in situ XRD setups
To compare both setups, the results obtained for the solid state reaction between a 100 nm
Ni film and a Si(100) substrate are shown in figure 3.7. In this figure, the results of the setup
at Brookhaven shown in figure 3.2 are repeated (a-c) to allow easier comparison with those
of the in situ setup at Ghent University (e-f).
Taking into account the different wavelengths of the used X-rays and consequently the
different 2θ angles corresponding to the same interplanar spacings, a good agreement between
the XRD results of both setups is found in this figure. A slight difference in sheet resistance is
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Figure 3.6: In situ XRD results of a 30 nm Ti film on a Si(100) substrate obtained at the in situ
setup in Ghent university using 0.2 ◦C/s a ramp anneal without (a) or with (b) a 5 nm
Si capping layer.
Figure 3.7: In situ XRD results of a 100 nm Ni film on a Si(100) substrate during a ramp anneal
from 100 ◦C to 950 ◦C. The result are obtained at the setup at Brookhaven (a-c) or at
the setup in Ghent (e-f) using a ramp rate of respectively 3 ◦C/s and 1 ◦C/s.
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observed but this can be related to the different ramp rates used in both experiments and the
different relative position of the 4 probes in both setups. In the setup at Ghent University,
accurate determination of phase formation temperatures is only possible for ramp rates up
to 1 ◦C/s due to the 2 s collection time for one XRD pattern. The much higher intensity of
the incident X-ray beam in the setup at Brookhaven allows a better time resolution which
accommodates the use of faster ramp rates (up to 35 ◦C/s). The higher intensity also enables
the accurate study of very thin films (< 5 nm) of which the results obtained at the Gent
setup are often questionable as the limited interaction volume can result in an insufficient
signal to noise ratio. However, due to the better energy selection of the X-rays in the Gent
setup, the diffraction peaks have a narrower shape which allows a better determination of
the corresponding 2θ values. In addition, the combination of a lower wavelength (more
diffraction peaks in the same 2θ range) and a broader detection range reduces the amount of
measurements needed for a full characterization of solid state reactions.
3.1.2 In situ RBS
To support the phase identification acquired with the in situ XRD setups, the composition of
several samples was determined using in situ Rutherford Backscattering Spectroscopy (RBS).
Through a collaboration with the research group of A. Vantomme at the Instituut voor Kern-
en Stralingsfysica and INPAC (K.U.Leuven), it was possible to perform these in situ RBS
measurements using the setup at the iThemba Laboratory for Accelerator Based Sciences,
7129 Somerset West (Cape town), South Africa [65] (figure 3.8).
Figure 3.8: Schematic representation (left) and experimental implementation (right) of the in situ
RBS setup at iThemba Labs.
In this setup, samples are heated in a vacuum of 5x10−3 Pa by a copper heating stage at
a rate of 1 or 2 ◦C/min up to 600 ◦C. During this heat treatment, RBS spectra are acquired
continuously with 2 MeV He+ particles using a backscattering angle of 165◦ and tilting
the sample normal 10◦ toward the detector. The charge and temperature is sampled every
second and stored at regular intervals (typically every 10 s) together with the accumulated
RBS spectra. After the run is completed, the spectra are summed into appropriate time
intervals e.g. 0.5, 1 or 2 min and charge normalized.
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Figure 3.9: Contour plot of the in situ RBS spectra for a 150 nm Pd film on a Ge(100) substrate
during a 2 ◦C/min ramp anneal from 100 ◦C to 400 ◦C (A) and several examples of the fit
(solid line) obtained for the RBS data (dots) at different temperatures using the artificial
neural networks fitting routine (B).
The individual RBS spectra are analyzed using RUMP simulation [66] or artificial neural
networks [67, 68]. This allows us to accurately determine the composition and the thickness
of the phases which form during the heat treatment. An example is shown in figure 3.10 for
the solid state reaction between a 150 nm Pd film and a Ge(100) substrate during a 2 ◦C/min
ramp anneal from 100 ◦C to 400 ◦C.
In this figure, the total number of metal atoms which was derived from each individual
RBS spectra is also plotted. As this amount has to remain constant during the heat treatment,
an additional parameter for the fit is introduced in the analysis. As a result, the uncertainty
in thickness for the various phases as determined from each individual measurement is sig-
nificantly reduced by simulating the spectra in a consecutive way and by always keeping the
total amount of metal atoms in the film constant.
3.1.3 Combination of both in situ techniques
Because of their specific properties (table 3.2), both in situ techniques have their characteris-
tic advantages and disadvantages depending on the experimental context. In this study, the
crystalline phases which form during a thin film solid state reaction are typically first iden-
tified using in situ XRD measurements because of the faster collection time and because the
interpretation of the XRD spectra is usually straightforward. However, for thin films which
are very textured or of which the interpretation of the detected XRD diffraction peaks is not
direct, additional in situ RBS measurements are performed. The elimination of the impossible
phases based on the XRD results, simplifies the analysis of the RBS spectra, which in addi-
tion to the composition of the different phases, also provides us with information about their
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Figure 3.10: Thickness variation of the Pd, Pd2Ge and PdGe phase during a 2
◦C/min ramp anneal
from 100 ◦C to 400 ◦C as determined by the analysis of the RBS data shown in figure
3.9. For each individual RBS spectrum, the total amount of detected Pd atoms is also
shown.
In situ XRD In situ RBS
Material structure crystalline any
Optimal sample structure polycrystalline homogeneous layers
Measurement time +++ (BNL)/ ++ (Gent) +
Analyzing time ++ - (RUMP) / ++ (ANN)
Thickness determination indirect (peak intensity) direct
Depth sensitivity no yes
Table 3.2: Schematic comparison of the properties of the in situ characterization techniques used in
this work.
respective thicknesses and of their relative position in the metal/semiconductor stack. As a
result, the use of two complementary techniques allows for a thorough identification of the
reaction products during a solid state reaction and can provide some indications concerning
their growth mechanism.
3.2 Real-time characterization methods
One of the major advantages of in situ characterization techniques becomes apparent when
studying the kinetics of solid state reactions as the better time or temperature resolution which
is inherent to in situ techniques improves the accuracy of the kinematic analysis methods.
In addition, in situ techniques have the added advantage that possible differences in the
composition of the studied samples (in the ‘cook and look’ method) are eliminated.
3.2.1 Arrhenius analysis
A first method which was used to determine the kinetics of the solid state reaction is an
Arrhenius analysis. In this method, the thickness of the growing phases is determined as
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a function of time during an isothermal measurement. By fitting the acquired thickness
variation with an assumed growth model, it is possible to determine the mechanism which
controls the phase formation. For example, for an interface controlled reaction, the thickness
variation is expected to be linear as a function of time while for a diffusion controlled reaction
the thickness of the growing film displays a parabolic dependency on the annealing time.
As the accuracy at which the thickness of the various phases can be determined is crucial
for the Arrhenius analysis, ex situ RBS measurements are usually used to determine the
thickness of the growing films after several different annealing times [69]. However, the relative
uncertainty concerning the exact thickness for each RBS spectra combined with the limited
number of measurements leads to relatively large uncertainties on the determined growth
rate. In contrast, the in situ RBS setup allows us to accurately determine the thickness of
the growing phases every minute. The consecutive nature of these fits not only improves the
accuracy at which the thickness of the phases can be determined for each individual RBS
spectrum but also improves the reliability of the determined experimental growth rate.
An example of the fitting routine which is applied to the in situ RBS data is shown in figure
3.11. In this figure, the squared film thickness of the Pd2Ge and PdGe phases, as determined
during an isothermal anneal at 260 ◦C of a 150 nm Pd film on a Ge(100) substrate, is plotted
as a function of time. The good linear fit which is obtained in this figure for the growth of
both the Pd2Ge and PdGe phase indicates that the thickness of both films show a parabolic
dependency on the annealing time. Such parabolic behavior is characteristic for a diffusion
controlled growth.
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Figure 3.11: Plot of the squared thickness (L2) of the Pd, Pd2Ge and PdGe films as a function of
effective annealing time (t− t0) at 260 ◦C for a 150 nm Pd film on a Ge(100) substrate.
The linear fits of the in situ RBS data are also shown as full lines.
As the thickness of a film of which the growth is diffusion controlled is given by (section
2.3)
L2 = k2(t− t0) + L20 (3.1)
the experimental growth rate (k2) of both phases can then be determined from the slope of
the plotted lines. The uncertainties on these growth rates are taken equal to the statistical
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uncertainties related to the fitting of the experimental data with a least-squares method in
which the uncertainties on the thickness for each individual RBS spectrum are used as weight
factors.
The experimental growth rate during an isothermal measurement is typically dependent
on the applied temperature and can be written as
k2 = k20 · exp(−Ea/kbT ) (3.2)
This implies that by determining the growth rate k2 of the studied phases at several different
temperatures, both the activation energy (Ea) and the pre-exponential factor (k
2
0) of the
growth rate can be determined from respectively the slope of the line which is obtained by
plotting ln(k2) as a function of the reciprocal temperature 1/kbT and the intersect of this line
with the y-axis (1/kbT = 0). Such a plot is called an Arrhenius plot and an example is shown
in figure 3.12. The uncertainties on the values of respectively Ea and k
2
0 are determined by
using a least-square fitting procedure in which the uncertainty of each individual data point
(k2) is used a a weight factor.



















Figure 3.12: An example of an Arrhenius plot. The data in this plot represents the detected growth
rates (k2) of the PdGe phase on the Ge(111) substrate (chapter 7).
3.2.2 Kissinger analysis
A second method which was used to determine the kinetics of the thin film solid state reactions
is a Kissinger analysis. This analysis method was developed by Kissinger to determine the
apparent activation energy of the sublimation of magnesite and calcite [70]. It is based on the
construction of a modified Arrhenius plot which is specifically designed to incorporate data of
several ramp anneals with different ramp rates. Because of its dependency on ramp anneals,
one of the major advantages of the Kissinger analysis lies in the time efficient way in which
it allows us to determine the kinetics of a solid state reaction.
Although we will derive the general equation of the Kissinger analysis in the following
paragraphs by assuming a diffusion controlled growth mechanism [71], it has been proved
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by Mittemeijer [72] that the same principle can be applied to any other thermally activated
process which involves a measurable transition.
Theoretical treatment
For a diffusion controlled growth of a thin film with a growth rate k2, the thickness of the











As the growth rate k2 can be written in an Arrhenius form (equation 3.2), the introduction
of this temperature dependency in equation 3.3 results in an equation which expresses the












For solid state reactions, Ea (order of eV) is usually much larger than kbT (order of 0.01



















In this equation, the subscript ‘p’ was introduced to stress that in this equation Lp rep-
resents the specific thickness of the growing film which is attained at temperature Tp in the
assumption that the film starts growing (L0 = 0) at T0. When the temperature Tp is much
larger than the initial temperature T0, the last term in equation 3.5 can be neglected. This
assumption is usually accurate for the first phase which forms but should be evaluated for
the growth of the subsequent phases. By neglecting the term in T0 and subsequently taking












This equation is called the Kissinger equation. Based on this equation, it is evident that
if the temperature Tp (at which the film reaches a specific thickness Lp) can be determined
for several different ramp rates (dT/dt), the plot of ln[(dT/dt)/T 2p ] as a function of 1/kbTp
(Kissinger plot) will allow us to determine the apparent activation energy of the growth
process from the slope of the linear fit through these data points. In addition, the intersect
of the linear fit with the y-axis (1/kbT = 0) will allow us to determine the pre-exponential
factor (k20) if the thickness Lp is also known.
As the determination of the apparent activation energy Ea is independent of the identi-
fication of the corresponding film thickness Lp, this implies that the Kissinger analysis can
be used to determine the kinetics of solid state reactions based on (in situ) experiments in
which the exact thickness Lp is unknown but in which the presence of a specific thickness can
be related to distinct features in the experimental data. For example, Zhang and d’Heurle
[73, 74] showed that a maximum in the increase in sheet resistance corresponds to the com-
plete transformation of a thin film into a new phase with a higher resistivity. As a result, the
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temperatures at which the maximum sheet resistance is reached can be used to construct a
Kissinger plot [75, 76]. Similar observation can be made regarding in situ XRD.
Experimental implementation
In our experiments, the temperatures of formation (Tf ) of the different phases were selected
as the temperatures at which the rate of increase of the corresponding XRD peak intensities
is maximal. This is illustrated in figure 3.13. In this figure, the in situ XRD results of the
solid state reaction between a 30 nm Ir film and a Si(100) substrate is shown for 5 different
ramp rates (0.3, 1, 3, 9 and 27 ◦C/s) (A). Based on the corresponding intensity variation of
the IrSi(002) peak (B), the formation temperature of the IrSi phase could be determined for
each ramp rate (vertical lines).
Figure 3.13: In situ XRD results of the solid state reaction between a 30 nm Ir film and a Si(100)
substrate during a 0.3, 1, 3, 9 and 27 ◦C/s ramp anneal (A) and the corresponding
intensity of the IrSi(002) peak at 34 ◦C which was used to determine the formation
temperature of the IrSi phase (B). The formation temperatures of the IrSi phase are
indicated with vertical lines.
By plotting ln[(dT/dt)/T 2f ] as a function of 1/kbTf (figure 3.14, A), the apparent activation
energy of the IrSi growth process can then be determined from the slope of the plotted line.
However, in the determination of this activation energy (Ea), several possible errors have to
be taken into account.
A first error is related to the fact that the real ramp rate during the in situ measurement
can be different from the desired (theoretical) ramp rate. An example is shown in figure 3.14,
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(B). However, it is possible to accommodate for this error by determining the exact ramp
rate from the experimental data and using this ‘real’ ramp rate in the further calculations.
Figure 3.14: The Kissinger plot for the growth of the IrSi phase as determined from the data in
figure 3.13 (A) and a plot of the temperature as a function of time for the in situ XRD
experiment in which a 30 nm Ir film reacted with a Si(100) substrate during a 3 ◦C/s
ramp anneal (B). The error flags in (A) were calculated for a variation of ± 3 ◦C (±
6 ◦C for 27 ◦C/s) on the formation temperature Tf .
A second error is introduced by the calibration of the thermocouple of the in situ system
using eutectics. This introduces a systematic error on the absolute temperature of about ±
3 ◦C for most of the used ramp rates and a slightly larger error of ± 6 ◦C for the 27 ◦C/s
ramp rate. This corresponds to an error of about 0.04 (0.07) (eV )−1 on the x-axis of the
Kissinger plot (1/kbT ) and a very small error of about 0.006 (0.012) (Ks)
−1 on the y-axis
(ln[(dT/dt)/T 2]) (figure 3.14,(A)). However, due to the very small error in the y-direction,
the systematical error can influence the slope of the linear fit through the data points. To
characterize this influence, we calculated the activation energy for every possible combina-
tion of formation temperatures within a 3 ◦C ( 6 ◦C for 27 ◦C/s) deviation of the originally
determined values. This provides us with a list of activation energies (table 3.3)
Deviation of Tf at ramp rate X Ea
0.3 1 3 9 27
+3 +3 +3 +3 +6 2.76
+3 +3 +3 +3 +5 2.74
...
-3 -3 -3 -3 -5 2.81
-3 -3 -3 -3 -6 2.79
Table 3.3: Schematic representation of the method used to determine the systematic error on the
results of the Kissinger analysis which is introduced by the calibration of the thermocouple.
By comparing the maximum and the minimum value that is thus acquired with the average
value of the original data points (E0a), the maximum error introduced by the thermocouple
calibration can be determined.
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A final error is related to the statistical error caused by the fitting of a straight line using
the least-squares method. This error is calculated from the scatter of the data about the
fitted line by the graphical fitting program that we used (Origin).
In the remainder of this work, we will always provide the systematic (thermocouple) error
and the statistical (fitting) error when discussing the results of the Kissinger analysis. In
order to always acquire reliable results, the largest of these two error was consequently chosen
as the total error on the activation energy.
3.3 Ex situ characterization techniques
3.3.1 RBS
Ex situ RBS measurements were performed using the setup at the Instituut voor Kern-
en Stralingsfysica and INPAC, K.U.Leuven, B-3001 Leuven, Belgium. In this setup, RBS
spectra are obtained with the use of a collimated 1.57 MeV He+ beam produced by a 5SDH-
2 Pelletron. The samples were quenched using the in situ XRD setup at Ghent University.
The RBS spectra were measured in general geometry (tilt angle 4◦, vertical angle 3◦ and
backscattering angle 167.6◦) and analyzed using RUMP simulations [66].
Figure 3.15: The RBS setup at the IKS institute in Leuven.
3.3.2 XRD pole figures
Pole figures were measured using the Schulz back-reflection method [77] to obtain statistical
information about the distribution of grain orientations present in the specimen. Most of these
measurements were performed at the X20-A beamline at the NSLS. A Si monochromator was
used to select the energy of the photon beam (λ = 0.154 nm). This monochromator results in
an intensity loss of about two orders compared to the time resolved diffraction experiments
discussed earlier in this chapter. The sample was mounted on a four-circle diffractometer
(figure 3.16,(a)) and the diffracted intensity was detected using a scintillation counter or a
custom linear detector which allows the simultaneous acquisition of polefigures for 2θ values
in a 32◦ range.
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Figure 3.16: Schematic representation of the 4-circle goniometer illustrating the different angles (A)
and the X20-A setup for pole figures at Brookhaven National Lab with the Linear
Detector (B).
The pole figures were acquired in steps of 0.5◦ in φ and χ (0 ≤ χ ≤ 85◦ and 0 ≤ φ ≤ 90◦).
The complete pole figures were obtained by extending the measured data to the full range
0 ≤ φ ≤ 360◦, taking into account the symmetry of the substrate. χ alignment was achieved
by monitoring the position of a diffracted laser beam during a complete (φ) rotation of the
sample while φ alignment was subsequently achieved by using the substrate peaks. For
example, on Si(100), alignment was achieved by linking the position of the Si(110) pole (the
cleaving direction of Si(100)) to (χ = 90◦, φ = 90◦). The resulting positions of the poles of
the cubic substrates used in our experiments (Si,Ge) are shown in figure 3.17.
Figure 3.17: Overview of the position of the poles for a cubic substrate (Si or Ge) with respectively a
111 (A), 110 (B) or 100 (C) orientation corresponding to the substrate alignment used
in the pole figure measurements.
3.3.3 SEM
The surface morphology of the samples was measured using Scanning Electron Microscopy
(SEM) on a FEI Quanta microscope. During the measurements, the samples were loaded in a
vacuum of 2.4∗10−4 Pa and subjected to an electron beam which is accelerated by a potential
difference of 10-30 kV. For a Au/C reference sample, this allows a resolution of about 3 to 4
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nm. The microscope is also equipped with an EDAX Energy dispersive X-ray detector (EDX)
which can be used for identification of the elements in the acquired SEM images.
3.3.4 XPS
For samples which were too thin to obtain accurate compositional depth profiles using RBS,
x-ray photoelectron spectroscopy (XPS) depth profiling was used instead. The XPS mea-
surements were performed on a Perkin−Elmer Phi ESCA 5500 system at base pressure of
8x10−10 mbar. The photoelectron radiation was induced by monochromatic AlKα (1486.6
eV) X-rays and collected by a hemispherical analyzer. For depth profiling, the top layer of
the samples was removed in between sequential XPS measurements, by an ion beam with an
energy of 2.5 kV incident from an angle of 60◦ with the sample surface.
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Part I
In situ XRD study of solid state





In this chapter, in situ X-ray diffraction measurements are used to study the solid state reac-
tion between a variety of rare earth (RE) metals and Si. In particular, the thin film reaction
is characterised between a 100 nm Yttrium (Y), Gadolinium (Gd), Dysprosium (Dy), Erbium
(Er) and Ytterbium (Yb) film and Si substrates with 4 different orientations (polycrystalline
Si (poly-Si) and 〈100〉−, 〈110〉− and 〈111〉−oriented single crystalline substrates). All of the
selected metals form a hexagonal MSi2 phase during their solid state reaction with Si. Pref-
erential (epitaxial) growth of this phase is expected on single crystal Si with varying epitaxial
quality determined by the lattice mismatch to the Si substrate. As the lattice mismatch in
turn varies depending on the RE metal, the selected RE-metal/Si systems provide us with a
systematic set of data to study the influence of film texture on solid state reactions.
4.1 Introduction
RE silicides are considered a separate subgroup of silicides as they all display similar distinct
and interesting properties [78, 79, 80]. A first distinction lies in their unusual phase sequence as
for most RE metals, aMSi2 (di)silicide phase is the first and only phase reported during their
solid state reaction with Si [78]. The formation of this phase does not follow the usual diffusion
controlled growth mechanisms but is governed by a threshold temperature (between 300 ◦C
and 400 ◦C) below which no silicidation is observed. Together with a very fast completion
of the silicidation once the threshold temperature is reached, this suggests that the MSi2
growth is nucleation controlled.
The structure of the MSi2 phase depends on the mass of the RE element (figure 4.1)
[81, 82].
Figure 4.1: Overview of the different crystal structures of the rare earth disilicide phases. T stands for
tetragonal ThSi2 structure, the hexagon is the defective AlB2 structure and O represents
the orthorhombic GdSi2 structure [48].
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Light RE metals (Lanthanum (La) to Europium(Eu)) crystallize in a tetragonal ThSi2
structure while heavy elements (Er to Yb) form a deficit AlB2 hexagonal structure with
about 15% vacancies in the Si sublattice (figure 4.2). Due to this high vacancy concentration,
the hexagonal phase is often denoted as MSi2−x or M3Si5. The intermediate elements (Gd
to Dy) first form the deficit hexagonal structure but transform into the tetragonal (ThSi2)
or the orthorombic (GdSi2) structure at higher temperatures. For these elements, exact
determination of the high temperature phase is often difficult due to the large similarities
between both structures.
Figure 4.2: The defective AlB2 structure: (a) front view and (b) top view [83].
An epitaxial relationship has been reported between the hexagonal MSi2−x phase and
both Si(100) and Si(111) [84, 85, 86, 87]. This can be attributed to the good lattice match
between this structure and both substrates. A schematic presentation of theMSi2−x/Si inter-
face is shown in figure 4.3 for both Si(100) and Si(111). The figure illustrates the difference in
epitaxial quality on both substrates as on Si(111), the position of the Si atoms in theMSi2−x
film and the Si substrate is almost identical while on Si(100), a good match between the AlB2
structure and the substrate is only achieved in one direction.
A second typical characteristic of RE metal silicides lies in their unusual Schottky barrier
behavior as their Schottky barrier heights (SBH) rank amongst the lowest (0.3 - 0.4 eV) and
the highest (0.7 - 0.8 eV) of the reported SBH on respectively n- and p-type Si (table 4.1)
[1, 2, 3]. In combination with their good electrical and thermal conductivity [89], this makes
RE metal silicides interesting materials for contact applications in microelectronics.
However, despite these good electrical properties, silicides of RE metals have received
considerably less attention than those of some transition metals (Ti, Co, Ni) [7, 90, 91].
This can be attributed to the high sensitivity to oxidation of both the pure RE metals and
their silicides [92] which imposes the use of capping layers or high vacuum conditions during
device fabrication and influences the stability of the resulting silicide film [93]. In addition,
the nucleation controlled growth of MSi2 induces the formation of an inhomogeneous film
with a rough surface consisting of pits and pinholes which is detrimental to a good electrical
performance of RE silicide based structures. Improvements to this morphology have been
achieved by rapid annealing [94], by co-deposition of RE elements and Si [95] and by the
addition of amorphous Si [96], amorphous Ge [97] or template interlayers [98]. However, to
obtain additional insight in the underlying mechanisms, a more thorough identification of the
RE silicide formation is desired. In addition, RE metal silicides, with their similar physical
and chemical properties, are an interesting group to study from a more fundamental point
of view as comparison between their respective silicidation reactions can provide information
about the influence of microstructure and film texture on the silicidation process.
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Figure 4.3: Schematic overview of the reported epitaxial relationships between the hexagonal
MSi2−x phase and respectively Si(100) (A) and Si(111) (B) [83]. On Si(100), the Dy/Si
system is used as a model system and only one of the 2 possible in plane orientations is
shown [88].
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In this chapter, the silicidation reaction of 5 different RE metals (Y, Gd, Dy, Er and Yb) is
studied using in situ XRD with special emphasis on the influence of texture on this solid state
reaction. To this end, the formed silicides are first identified on poly-Si as in that case the
influence of film texture can be neglected. The established phase sequence is then compared to
the in situ XRD results on Si(100), Si(110) and Si(111) and the observed differences are linked
to texture effects. As the hexagonal MSi2 phase is reported to grow epitaxially on Si(100)
and Si(111) , the first criteria in the selection of the RE metals was the reported formation
of this hexagonal phase (figure 4.1). Secondly, the RE metals were selected to cover a broad
range of lattice parameters (table 4.1) as the most important parameter which influences
textured growth is the lattice (mis)match between the growing film and the substrate.
MSi2 a c η SBH (n-type Si) SBH (p-type Si) Sh. Res.
(A˚) (A˚) (%) (eV) (eV) (Ω/ )
Si(111) 3.840
Y Si2 3.842 4.140 +0.052 0.39 0.74 4.3
GdSi2 3.877 4.172 +0.960 0.37 0.71 6.6
DySi2 3.831 4.121 -0.234 0.37 0.73 6.5
ErSi2 3.798 4.088 -1.090 0.39 0.70 2.4
Y bSi2 3.784 4.098 -1.460 0.67
Table 4.1: Lattice parameters and electrical properties of the hexagonal RE silicides studied in this
work [99], together with their room temperature lattice mismatch (η) on Si(111).
4.2 Sample preparation
The substrates used in this chapter consist of p-type Si(100), Si(110), Si(111) and polycrys-
talline Si (poly-Si). They were RCA cleaned and received a short (20 s) HF dip prior to being
loaded in the deposition systems. For Y, Gd, Dy and Er, a 100 nm metal film was deposited
at the IKS institute in Leuven using Molecular Beam Epitaxy (MBE) in a ultra high vacuum
(UHV) system (6.6∗10−8 Pa) at a rate of about 0.2 A˚/s. An Yb film with the same thickness
was sputter deposited at a deposition rate of 1.3 A˚/s in a 5 ∗ 10−1 Pa Ar atmosphere after
reaching a base pressure of 10−4 Pa in the deposition system. To prevent oxidation, a 10 to
12 nm Si cap was deposited on all samples without breaking the vacuum.
4.3 YSi
Although Yttrium does not belong to the Lanthanide group of materials, its silicides are
usually included in the list of RE-silicides due the similarities between its silicidation reaction
and that of the RE metals [81, 84, 100]. A first similarity lies in the fact that, although 5 Y-
silicides have been reported in the Y/Si phase diagram (figure 4.4), only the hexagonal Y Si2
phase is typically observed during its thin film reaction with Si. The Y Si2 phase exhibits the
defective AlB2 hexagonal structure (figure 4.2) and epitaxial growth of this phase has been
reported on Si(111) with a good lattice match to the Si substrate [101, 102].
Metal-Si intermixing was observed during the Y deposition process, resulting in the for-
mation of an amorphous interlayer of up to 10 nm [103]. The intermixing is commonly
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Figure 4.4: Phase diagram of the Y/Si system [99].
attributed to a solid state amorphization process driven by a negative free energy of mixing
between Y and Si [56]. Such an amorphization process is typically observed when there is
a large difference in size (about 35%) and mobility (Y diffusion is negligible compared to
Si diffusion) between the two elements [78]. With the use of high-resolution transmission
electron microscopy (HRTEM) and ex-situ XRD measurements, Lee et al. [104] and Noya
et al. [105] established the simultaneous formation of different Y-silicides in this amorphous
layer at low annealing temperatures (200 - 300 ◦C) for Y films with a thickness between 10
and 60 nm. Besides the dominant Y Si2 phase, Y5Si3 and Y Si formation was detected and
their simultaneous growth was attributed to local variations in the relative Y/Si concentration
[106].
4.3.1 Phase formation on poly-Si
To determine the phase formation in the thin film Y/Si system, in situ XRD measurements
were performed on a 100 nm Y film on poly-Si using the in situ setup at Brookhaven. The
results are shown in figure 4.5 with the use of a logarithmic gray scale. The formation
temperatures of the various phases were selected as the temperatures at which the rate of
increase in intensity of the corresponding XRD peaks is maximal.
The presence of a hexagonal Y phase is detected at room temperature from its (002),
(101) and (102) diffraction peaks around respectively 36.5, 37.9 and 50◦ 2θ while the poly-Si
substrate is visible from the Si(111) and (220) peaks near 33 and 55◦. The Y metal film
is stable up to 425 ◦C at which temperature it transforms in the hexagonal Y Si2 phase as
is evidenced by the appearance of diffraction peaks at 25, 40, 51, 55 and 61◦ (Y Si2 (001),
(101), (002), (110) and (102)). At 935 ◦C, oxidation of the Y Si2 phase is detected from the
appearance of the Y2O3 (222) diffraction peak at 34
◦.
4.3.2 Influence of the substrate orientation
The influence of the substrate orientation and consequently of preferential growth on the
Y/Si phase sequence is studied by comparing the in situ XRD results of a 100 nm Y film on
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Figure 4.5: In situ XRD results for the solid state reaction between a 100 nm Y film and poly-Si
during a 3 ◦C/s ramp anneal.
Si(100), Si(110) and Si(111) (figure 4.6).
For all of the studied substrates, the phase sequence is similar to that on poly-Si (figure
4.5) as the hexagonal Y Si2 phase is the first and only silicide observed during the solid state
reaction. However, the formation temperature of this phase varies between 465 ◦C (110) and
480 ◦C (100 and 111) and the relative intensity of its diffraction peaks changes depending
on the substrate orientation. On Si(100), the two Y Si2 diffraction peaks with the highest
intensity (near 40◦ and 61◦) correspond to diffraction at its (101) and (102) planes while on
Si(110) and Si(111), these diffraction peaks are not detected and the (002) diffraction peak
(51◦) is dominant.
4.4 GdSi
An interesting overview of compound formation in the bulk Gd/Si system was recently pub-
lished by Huang et al. [107]. Using differential thermal analysis (DTA), differential scanning
calorimetry (DSC) and XRD, they detected the formation of 5 different Gd-silicides: Gd5Si3,
Gd5Si4, GdSi, Gd3Si5 and GdSi2−x (figure 4.7). Gd3Si5 was identified as the phase with
the defective AlB2 structure and 2 different structures of GdSi2−x were determined: an or-
thorhombic GdSi2 structure which is stable at room temperature and a tetragonal ThSi2
structure which is the result of an allotropic transformation of this phase near 465 ◦C (figure
4.1). The existence of 3 different GdSi2−x structures was also reported by Roger et al. [108]
and the allotropic transformation from orthorhombic to tetragonal was verified by Perri et
al. [82]. Roger et al. [108] also suggested the transformation of hexagonal Gd3Si5 into an as
yet unidentified structure at higher temperatures. However, the existence of this phase has
4.4. GDSI 51
Figure 4.6: In situ XRD results of the solid state reaction between a 100 nm Y film and Si(100),
Si(110) and Si(111) during a 3 ◦C/s ramp anneal.
not been confirmed by later studies.
In thin film experiments, only 2 Gd-silicides have been detected. The deficit hexagonal
GdSi2 phase (h-GdSi2) forms first at temperatures as low as 300
◦C followed by the formation
of orthorhombic GdSi2 (o-GdSi2) [110, 111]. The transformation temperature is dependent
on the thickness of the Gd film [112], on its deposition method [113] and on the substrate
orientation [114] and varies from temperatures as low as 310 ◦C up to 850 ◦C [115]. Epitaxial
growth of h-GdSi2 has been observed on Si(111) [116, 117, 118] and Si(100) [119, 120] for
Gd films with a thickness up to 250 nm while preferential growth of o-GdSi2 is reported on
Si(100) for Gd films ≤ 30 nm [121, 114].
4.4.1 Phase formation on poly-Si
The Gd/Si solid state reaction is studied using in situ XRD measurements at the in situ setup
in Brookhaven. In these experiments, a 100 nm Gd film on poly-Si was subjected to a 3 ◦C/s
ramp anneal up to 950 ◦C. The results are shown in figure 4.8 using a logarithmic gray scale.
In this figure, the poly-Si substrate is evident from the Si(220) peak near 55◦. The as-
deposited thin film has peaks near 33, 36 and 38◦ corresponding to diffraction at the (100),
(002) and (101) planes of hexagonal Gd. At 380 ◦C, the Gd peaks disappear and formation of
h-GdSi2 is detected from its diffraction peaks near 25, 31, 40, 50 and 61
◦ (respectively from h-
GdSi2(001), (010), (011), (002) and (012)). At 795
◦C, the appearance of o-GdSi2(101)/(011),
(004), (103)/(013), (112), (105)/(015), (200)/(020) and (0010) peaks near 27, 31, 34, 40, 47,
53 and 61◦ indicates the transformation of the hexagonal h-GdSi2 into orthorhombic o-GdSi2.
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Figure 4.7: Phasediagram of the Gd/Si system (a) together with an enlarged part of this phase
diagram (b). The calculated phase diagram is compared to experimental data of Huang
et al. [107] and Eremenko et al. [109].
Figure 4.8: In situ XRD results for the solid state reaction between a 100 nm Gd film and poly-Si
during a 3 ◦C/s ramp anneal.
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4.4.2 Influence of the substrate orientation
To study the influence of the substrate orientation, in situ XRD measurements are performed
for a 100 nm Gd film on Si(100), Si(110) and Si(111) (figure 4.9).
Figure 4.9: In situ XRD results for the solid state reaction between a 100 nm Gd film and Si(100),
Si(110), Si(111) and poly-Si during a 3 ◦C/s ramp anneal.
On all of the studied substrates, the observed phase sequence is similar to the one on poly-
Si (figure 4.8) as the subsequent formation of h-GdSi2 and o-GdSi2 is detected. However, the
formation temperatures of both silicides vary according to substrate orientation. On Si(100),
h-GdSi2 forms near 390
◦C while the formation temperature of o-GdSi2 is about 835
◦C. Both
temperatures increase to respectively 400 ◦C and 850 ◦C on Si(110) and 440 ◦C and 870 ◦C on
Si(111).
It is interesting to note that on Si(111), h-GdSi2 forms over a much larger temperature
interval than on any of the other substrates. This is evident from figure 4.10 in which the
normalized intensity of the GdSi2(002) peak is plotted as a function of temperature. On
Si(111), a gradual increase in intensity is detected between 380 ◦C and 500 ◦C while on the
other substrates the formation is limited to a temperature interval of about 10 ◦C. To elim-
inate the possibility that the detected trend is actually an artifact of the detection method
due to the texture of the h-GdSi2 film, the corresponding intensity of the Gd(002) peak is
also shown in figure 4.10.
The substrate also influences the relative intensity of the observed diffraction peaks of
h-GdSi2 with peaks near 61
◦ (012) and 50◦ (002) having the highest intensity on respectively
Si(100) and Si(111). To study this phenomenon in more detail, ex-situ XRD measurements
were performed on samples quenched at 750 ◦C (h-GdSi2) and 950/1050
◦C (o-GdSi2) during
a 3 ◦C/s ramp anneal (figure 4.11). The XRD patterns were collected first using standard
Bragg diffraction geometry and second with an offset of 5◦ for the x-ray tube. The difference
between both spectra provides information about preferential growth of the GdSi2 film with
no difference between the spectra indicating a perfect polycrystalline film. The ex-situ XRD
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Figure 4.10: Normalized intensity of the GdSi2(002) peak (50
◦) and the Gd(101) peak (38◦) on
different substrates.
results verify the in situ results of figure 4.9 as h-GdSi2 and o-GdSi2 are identified as the
dominant phases at respectively 750 ◦C and 950/1150 ◦C.
Textured growth of h − GdSi2 For the hexagonal GdSi2 phase (750 ◦C), the relative
intensities of the XRD peaks vary with the orientation of the Si substrate. The observed XRD
results do not correspond to the reported powder diffraction spectrum for any of the studied
substrates as in that case the peaks with the highest intensities are expected near 26◦(010)
and 34◦(011). This indicates that the thin film boundary conditions influence the growth
of the GdSi2 film on all of the studied substrates. On Si(100) and Si(110), the difference
between the XRD spectra with and without the tube offset is limited while on Si(111), the
intensity of the (100) peaks increases dramatically in the Bragg diffraction condition. This
suggests that the quality of the textured GdSi2 film is much higher on Si(111). In particular,
preferential growth of the (00X) planes parallel to the Si(111) substrate interface is apparent
from figure 4.11.
To verify the preferential growth of h-GdSi2, XRD pole figures were measured on the
samples quenched at 750 ◦C using the setup at Brookhaven with the linear detector. The
results are shown in figure 4.12. In this figure, the central part of all pole figures is missing
as the use of the linear detector impedes the interpretation of the acquired data in this
area. However, the outline of a large central peak is still visible in the {002} pole figure on
Si(111). Together with the symmetrical distributed spots in the other Si(111) pole figures, this
indicates that the h-GdSi2 phase grows epitaxially on Si(111). The epitaxial alignment was
identified as h-GdSi2[0001] // Si[111] with h-GdSi2(101¯0) // Si(1¯1¯2) which corresponds well
with the alignment reported in literature [119, 116]. On Si(100) and Si(110), the pole figures
also contain some distinct features. The intensity of these features (about 5 ∗ 104 counts) is
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Figure 4.11: Overview of the ex-situ XRD results of samples containing respectively the h-GdSi2
phase (750 ◦C) and the o-GdSi2 phase (950
◦C on Si(100) and Si(110), 1050 ◦C on
Si(111)). Two different configurations were used: a standard Bragg diffraction geometry
(latched line) and a Bragg geometry with an offset of 5◦ for the x-ray tube (solid line).
Note that all samples were mounted on a Si(100) wafer during the XRD measurement
to prevent background radiation.
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quality of the h-GdSi2 film on both Si(100) and Si(110). For Si(100), the observed features
can be linked to an epitaxial relationship suggested by Chen et al. [119] and Peto et al. [120]
in which a side plane of the hexagonal unit cell lies parallel to the Si(100) substrate interface
and the c-axis of this unit cell is oriented according to one of two mutually perpendicular
directions (i.e. h-GdSi2(11¯00) // Si(001) with h-GdSi2[0001] // Si[11¯0] (black dots) or h-
GdSi2[112¯0] // Si[1¯1¯0] (white dots)). The simultaneous appearance of both orientations in
the silicide film is an additional indication of the lower quality of epitaxial growth. On Si(110),
the observed features can be explained based on the preferential relationship h-MSi2(1¯1¯20)
// Si(11¯0) and h-MSi2(33¯01) // Si(112¯). For this substrate orientation, no information was
available in literature.
Textured growth of o − GdSi2 For the orthorhombic GdSi2 phase (950 ◦C/1050 ◦C),
comparison between the two XRD spectra in figure 4.11 suggests a largely polycrystalline
film on all of the studied substrates. On Si(111), the intensity of the o-GdSi2 peaks and
particularly that of the o-GdSi2(112) peak is significantly lower than on both other substrates.
This can be attributed to a lower general concentration of o-GdSi2 in the silicide film as the
presence of at least two additional phases can be derived from the XRD patterns: Epitaxially
stabilized 〈001〉 oriented grains of h-GdSi2 detectable by their h-GdSi2(00X) diffraction peaks
and an unidentified third phase which gives rise to several small diffraction peaks (indicated
by x in figure 4.11 ).
Pole figures of the high temperature quenches verify the almost completely random growth
of the o-GdSi2 phase on all of the studied substrates (figure 4.13). The random growth is
most evident on Si(111) as the faint features in the Si(111) pole figures can not be explained
by preferential growth of o-GdSi2 but are most likely the result of overlap in diffraction
with other phases. The most notable overlap occurs in its {112} pole figure as the {011}
diffraction peaks of epitaxial h-GdSi2 grains are clearly visible (figure 4.12). On Si(100) and
Si(110), faint features with a very low intensity are observed. These features can be linked
to preferential growth of some o-GdSi2 grains in the silicide film (table 4.2). However, the
very low intensity of these features together with the lower quality of the fit in figure 4.13
indicate that the quality of the epitaxial relationship between o-GdSi2 and Si is much lower
than between h-GdSi2 and Si. The epitaxial relationship on Si(100) differs from the epitaxial
relationship o-GdSi2(001) // Si(001) with o-GdSi2[100] // Si[110] reported by Gerocs et
al. [121]. However, based on the findings of Molnar et al. [114] and Peto et al. [120], who
suggested that the reported epitaxial relationship is only valid for metal films with a thickness
below 30 nm, the difference in texture can be attributed to the metal film thickness which
was selected for our experiments (100 nm).
Substrate Out of plane orientation In plane orientation
Si(001) o-GdSi2(120) // Si(1¯21¯) o-GdSi2(112) // Si(1¯10)
Si(011) o-GdSi2(11¯2) // Si(001) o-GdSi2(21¯2) // Si(103)
Table 4.2: Overview of the preferential growth orientations detected for the orthorhombic GdSi2
phase on respectively Si(100) and Si(110). On Si(111), no preferential growth orientation
could be identified.
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Figure 4.12: Overview of the XRD pole figures of a h-GdSi2 film on different Si substrates. The
epitaxial relationships identified between the h-GdSi2 film and the Si substrate are
indicated by black or white dots while Si substrate peaks are shown in red.
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Figure 4.13: Overview of the XRD pole figures of an o-GdSi2 film on different Si substrates. The
epitaxial relationships identified between the o-GdSi2 film and the Si substrate are
indicated by white dots, diffraction peaks of h-GdSi2 are indicated by black dots and
Si substrate peaks are shown in red.
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4.5 DySi
Dy silicidation is one of the less studied RE silicide formation reactions. This is evidenced by
the absence of a sufficiently developed Dy/Si phase diagram in current literature. However, the
existence of Dy5Si3, Dy2Si3 and DySi2−x has been established in various articles [81, 122].
Three different structures of DySi2−x have been reported: a hexagonal phase (h-DySi2)
which exhibits the defective AlB2 structure (often denoted as Dy3Si5), an orthorhombic o-
DySi2 phase with the GdSi2 structure and the tetragonal t-DySi2 with a structure similar
to ThSi2 [82, 89].
Gokhale et al. [123] performed a detailed study of the solid reaction between a 20 nm
Dy film and a Si(111) substrate using ex-situ XRD and XPS analysis. At room temperature,
they detected Dy5Si3 formation at the substrate interface and attributed this to the strong
interaction between the atoms of both materials. At 150 ◦C, the silicide film consisted of
a mixture of Dy5Si3 and hexagonal h-DySi2 while at 350
◦C the silicide film completely
transformed into h-DySi2. Based on the reports of Vandre et al. [124], Travlos et al. [125] and
Knapp et al. [84], the h-DySi2 phase is stable up to 900
◦C and grows epitaxially on Si(111)
with its (001) planes parallel to the substrate interface. On Si(100), h-DySi2 formation was
detected by Liu et al. [88] and Preinesberger et al. [126] after annealing 1 monolayer of Dy to
600 ◦C. However, at the same temperature, tetragonal t-DySi2 was observed by codepositing
about 60 nm of Dy and Si on a heated Si(100) substrate [125]. For both DySi2 structures an
epitaxial relationship with the Si(100) substrate was reported.
4.5.1 Phase formation on poly-Si
The phase formation in the Dy/Si system is identified by studying the solid state reaction
between a 100 nm Dy film and a poly-Si substrate using in situ XRD measurements during
3 ◦C/s ramp anneals at the in situ setup at Brookhaven. The results are shown in figure 4.14.
In this figure, the Si(220) peak near 55◦ confirms the polycrystalline nature of the Si sub-
strate while the peaks near 33, 37 and 38◦ establish the hexagonal structure of the as-deposited
Dy film (corresponding to respectively the (100), (002) and (101) peaks of hexagonal Dy).
Very small diffraction peaks are observed near 35 and 41◦ of which the intensity increases
rapidly when the Dy peaks disappear at 430 ◦C. These peaks can be linked to diffraction
at respectively the (102) and (211) planes of Dy5Si3 which suggests that Dy-Si intermixing
already started during the deposition process. The Dy5Si3 phase is only stable in a temper-
ature range of about 20 ◦C as h-DySi2 formation is detected at 440
◦C from the appearance
of its (001), (100), (101), (002), (110) and (102) peaks at 25, 31, 41, 52, 55 and 62◦.
4.5.2 Influence of the substrate orientation
To study the influence of texture on the Dy/Si solid state reaction, in situ XRD measurements
are performed on samples with a 100 nm Dy film on Si(100), Si(110) and Si(111) (figure 4.15).
On all of the studied substrates, the sequential formation of Dy5Si3 and h-DySi2 is
detected but their formation temperatures and most intense diffraction peaks vary depending
on the substrate. On Si(100), Dy5Si3 formation at 460
◦C is followed by h-DySi2 formation
at 475 ◦C with the peak near 62◦(102) having the highest intensity. On Si(110) and Si(111),
Dy5Si3 forms at respectively 455
◦C and 480 ◦C and transforms at 465 ◦C and 500 ◦C into
h-DySi2. On these substrates, the h-DySi2(002) peak (52
◦) has the highest intensity in the
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Figure 4.14: In situ XRD results for the solid state reaction between a 100 nm Dy film and poly-Si
during a 3 ◦C/s ramp anneal.
Figure 4.15: In situ XRD results for the solid state reaction between a 100 nm Dy film and Si(100),




In the bulk Er/Si system, the existence of 4 different Er silicides can be derived from the
phase diagram (figure 4.16): Er5Si3, Er5Si4 , ErSi and Er3Si5/ErSi2−x. The ErSi2−x
phase is typically observed in a hexagonal AlB2 structure [89, 94] although the existence of
a modified tetragonal ErSi2 superstructure with a base structure similar to ThSi2 has also
been suggested by Kaltsas et al. [127, 128].
Figure 4.16: Phasediagram of the Er/Si system [99].
In thin film experiments, the formation of only one silicide is detected during Er silicida-
tion. The silicide was identified as hexagonal ErSi2 and a good epitaxial relationship was
found between this phase and both Si(111) [95, 84] and Si(100) substrates [87, 129, 130].
4.6.1 Phase formation on poly-Si
To study the solid state reaction between Er and Si, the silicidation of a 100 nm Er film on
a poly-Si substrate is studied using in situ XRD measurements during a 3 ◦C/s ramp anneal
at the in situ setup at Brookhaven. The results are shown in figure 4.17.
In this figure, the poly-Si substrate is evident from the Si(111) and Si(220) diffraction
peaks at respectively 33◦ and 55◦ which are detected throughout the entire heat treatment.
At room temperature, the peaks at 34 (100), 37 (002) , 39 (101) and 51◦ (102) establish the
presence of a thin Er film with a hexagonal structure. This film is stable up to 440 ◦C at which
temperature the Er film rapidly transforms into Er5Si3 as is indicated by the appearance of
its (102) diffraction peak near 36◦. At 450 ◦C, hexagonal ErSi2 formation is detected from the
peaks at 25, 32, 41, 52, 56 and 62◦ which can be linked to diffraction at the ErSi2(001), (100),
(101), (002), (110) and (102) planes. This phase is stable up to 950 ◦C. The formation of the
ErSi2 phase lowers the intensity of the Er5Si3 peak at 36
◦ but this peak does not disappear
completely below 860 ◦C. At this temperature, oxidation of the silicide film is detected from
the formation of Er2O3(FCC) peaks near 24, 34 and 47
◦ corresponding to respectively its
(211), (222) and (332) diffraction peaks.
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Figure 4.17: In situ XRD results for the solid state reaction between a 100 nm Er film and poly-Si
during a 3 ◦C/s ramp anneal.
4.6.2 Influence of the substrate orientation
To determine the influence of the substrate orientation on the phase formation in the Er/Si
system, the solid state reaction between a 100 nm Er film and 3 different single crystalline
substrates (Si(100), Si(110) and Si(111)) is studied using in situ XRD measurements at the
Brookhaven setup. In these experiments, ramp anneals with a fixed ramp rate of 3 ◦C/s were
used. The results are shown in figure 4.18.
On all of the studied substrates, Er5Si3 and ErSi2 formation is detected from their
respective diffraction peaks. However, the relative intensity of these peaks and the formation
temperatures of both phases depend on the selected Si substrate. On Si(100) and Si(110),
Er5Si3 formation is detected at 460
◦C while on Si(111) the formation of this phase starts
at 470 ◦C. On all of the studied substrates, the Er5Si3(102) peak has the highest intensity
and only on Si(110) are faint contours of a second peak near 42◦(112) noticeable. ErSi2
formation starts at respectively 480 ◦C (Si(100)), 470 ◦C (Si(110)) and 540 ◦C (Si(111)) and
the temperature range in which the formation completes is much shorter on Si(100) and
Si(110). In addition, the ErSi2(002) peak at 52
◦ has the highest intensity on Si(111) while
on the other substrates the highest peak intensity is observed near 62◦ (ErSi2(102)). The
substrate orientation also influences the oxidation sensitivity of the silicide film as on Si(100)
and Si(110) Er2O3 formation is detected near 860/870
◦C while on Si(111) oxidation of the
film is delayed until above 900 ◦C.
4.7. YBSI 63
Figure 4.18: In situ XRD results for the solid state reaction between a 100 nm Er film and Si(100),
Si(110), Si(111) and poly-Si during a 3 ◦C/s ramp anneal.
4.7 YbSi
According to the Yb/Si phase diagram in figure 4.19, 6 different Yb silicides have been
reported in literature: Y b5Si3, Y b5Si4, YbSi, Y b3Si5 and Y bSi2−x [131, 132, 133, 134].
Using X-ray powder methods, Iandelli et al. [135] identified the structure of the Y b3Si5
phase as Th3Pd5-type. This structure can be derived from the hexagonal AlB2 structure by
removing one sixth of the Si atoms at regular intervals and allowing slight displacements to
the Si and Yb atoms in the resulting three times as large unit cell (figure 4.20). However,
the ordered position of the Si vacancies relaxes with increasing temperature, resulting in
the transformation of the silicide into an Y bSi2−x phase with the standard hexagonal AlB2
structure. Yb is currently the only RE metal for which an ordered vacancy superstructure of
AlB2 has been detected.
Chi et al.[137] recently studied the solid state reaction between a 30 nm Yb film and
Si(111) and Si(100) substrates. Using TEM and HRTEM, they detected the presence of a
2.5 nm thick amorphous film between the as-deposited Yb film and both Si substrates. For
temperatures below 300 ◦C, the thickness of the amorphous film increased with increasing
temperature. In addition, diffraction patterns at these temperatures suggested the presence
of small clusters of intermediate Yb silicides (probably Y b5Si3 or YbSi) embedded in the
amorphous film. After a 30 minute anneal at 300 ◦C, the entire silicide film transformed
into Y b3Si5. Epitaxial growth of this phase was established on Si(111) while on Si(100)
the Y b3Si5 film was largely polycrystalline. Independent of the substrate orientation, a
final transformation into hexagonal Y bSi2−x was detected at higher annealing temperatures.
The observed epitaxial growth of Y b3Si5 on Si(111) is consistent with other reports on Yb
silicidation [138, 93, 139] while its polycrystalline growth on Si(100) does not correspond
well with the findings of Jiang et al. [96] as they reported epitaxial growth of this phase on
Si(100). A possible explanation for this discrepancy can lie in the difference in deposited Yb
64 CHAPTER 4. THE RE/SI SYSTEMS
Figure 4.19: Phasediagram of the Yb/Si system [132]
Figure 4.20: Projection of the Y b3Si5 structure onto the xy plane. All atoms lie at mirror planes
at z=0 (Yb) and Z = 1/2 (Si), respectively. The position of the missing Si atoms is
indicated by * [136].
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film thickness (30 nm ↔ 15 nm).
4.7.1 Phase formation on poly-Si
To study the phase formation in the Yb/Si system, the solid state reaction between a 100 nm
Yb film and a poly-Si substrate was studied using in situ XRD measurements at the in situ
setup at Brookhaven. The results are shown in figure 4.21.
Figure 4.21: In situ XRD results for the solid state reaction between a 100 nm Yb film and poly-Si
during a 3 ◦C/s ramp anneal.
In this figure, the peaks near 33◦ and 55◦ which are present throughout the entire heat
treatment can be linked to the poly-Si substrate. The presence of a face centered cubic (FCC)
Yb film at room temperature is evident from the Yb(111) , Yb(200) and Yb(220) diffraction
peaks at respectively 33, 38 and 55◦. At 380 ◦C, additional diffraction peaks are detected at
29, 36, 38, 43 and 60◦ which correspond well with the (200), (102), (210), (211) and (400)
peaks of Y b5Si3. These peaks disappear at 440
◦C when Y b3Si5 formation is detected from
its (001), (110), (111), (201), (002), (300) and (112) diffractions peaks at respectively 25, 32,
41, 46, 52, 57 and 62◦. At 720 ◦C, the small diffraction peak near 46◦ disappears completely.
Together with the observed shift in 2θ position of the other Y b3Si5 peaks, this suggests the
structural transformation of the silicide film into the denser packed hexagonal Y bSi2−x phase.
This phase is stable up to 950 ◦C although oxidation of the film is detected at 900 ◦C from
the appearance of Y b2O3 diffraction peaks at 24 (211) , 34 (222) and 58
◦ (440).
4.7.2 Influence of the substrate orientation
The influence of the substrate orientation on the Yb silicidation is studied by observing the
solid state reaction of a 100 nm Yb film and Si(100), Si(110) and Si(111) substrates using in
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situ XRD. The measurements were performed at the in situ setup in Brookhaven using ramp
anneals with a fixed ramp rate of 3 ◦C/s. The results are shown in figure 4.22.
Figure 4.22: In situ XRD results for the solid state reaction between a 100 nm Yb film and Si(100),
Si(110), Si(111) and poly-Si during a 3 ◦C/s ramp anneal.
On all of the studied substrates, the sequential formation of Y b5Si3, Y b3Si5 and Y bSi2−x
is detected from the appearance of their respective diffraction peaks. In addition, on Si(100)
and Si(111), a small temperature interval exists between the disappearance of the Y b5Si3
peaks and the formation of Y b3Si5 in which only one small diffraction peak is visible near
61◦. This suggests that an additional Yb silicide forms between Y b5Si3 and Y b3Si5 on both
substrates. Based on the phase diagram in figure 4.19, this silicide is probably either YbSi
or Y b3Si4. Unfortunately, the XRD results did not allow us to distinguish between both
silicides as the position of the sole diffraction peak corresponds well with that of YbSi(060)
and Y b3Si4(1 13 1).
The substrate orientation influences the formation temperatures of the various Yb silicides
(table 4.3). In general, these temperatures increase from the Si(100) to the Si(111) substrate
with the exception of the Y b5Si3 phase of which the lowest formation temperature of 370
◦C
was detected on Si(111).
Yb-silicide Si(100) Si(110) Si(111)
Y b5Si3 380 380 370
Y bSi 440 500
Y b3Si5 510 490 580
Y bSi2−x 730 750 780
Table 4.3: Formation temperatures ( ◦C) of the different Yb silicide phases observed in figure 4.22.
Finally, a difference in the relative intensities of the Y b3Si5 peaks is detected depending
on the substrate orientation. On Si(100), the two peaks with the highest intensity are situated
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at 42◦(111) and 57◦(300) while on Si(110), these are the peaks at 42◦(111) and 62◦(112). On
Si(111), the (002) diffraction peak at 52◦ has a much higher intensity than any of the other
Y b3Si5 peaks.
4.8 Interpretation of our experimental results
Phase sequence of RE/Si systems Based on the in situ XRD results shown in figures
4.5, 4.8, 4.14, 4.17 and 4.21, the silicides which form during the solid state reaction of the 5
studied RE metals and Si are identified. A schematic overview of the detected phases and of
their corresponding formation temperatures is presented in table 4.5.
Most of the studied RE metals are deposited in a close-packed hexagonal structure. The
exception is Yb which forms a FCC structure. Interaction of the RE element with the Si
substrate during deposition was not detected for most RE metals. The only exception is Dy
for which the simultaneous existence of Dy5Si3 at room temperature is evident from several
small diffraction peaks. For the heavier RE metals (Dy - Yb), the M5Si3 phase is the first
silicide that forms during the solid state reaction. The temperature interval in which this
phase is stable is very small which can explain why this phase is typically not reported in
literature. Formation of a hexagonal MSi2−x phase is detected for all of the studied RE
metals at temperatures between 380 and 550 ◦C. Independent of the RE metal, the MSi2−x
phase is defect rich with about 15% of the Si atom positions replaced by vacancies. The
vacancies are randomly distributed throughout the silicide film except for Yb where the long
range ordering of these defects in a Th3Pd5 structure can be derived from the position of
the diffraction peaks. Although different high temperature phases have been reported for
Y, Gd and Dy (figure 4.1), Gd is the only RE metal for which the transformation into the
orthorhombic GdSi2−x is observed in our experiments (figure 4.8). Based on the findings of
Perri et al. [82], who reported transformation temperatures of respectively 400 ◦C, 450 ◦C
and 520 ◦C for Gd, Y and Dy, it is possible that the transformation temperatures of Y Si2−x
and DySi2−x are higher than 950
◦C when using a 3 ◦C/s ramp anneal.
Textured growth of the hexagonal MSi2 phase For Gd, the relationship between film
and substrate orientation was identified using ex-situ pole figure measurements (figures 4.12
and 4.13). On Si(100) and Si(111), the pole figures of the hexagonal GdSi2−x phase confirmed
the earlier reported epitaxial relationships [116, 121] and an additional epitaxial relationship
was identified between the GdSi2−x film and the Si(110) substrate (table 4.4).
Substrate Out of plane orientation In plane orientation
Si(001) h-MSi2−x(11¯00) // Si(001) h-MSi2−x[0001] // Si[11¯0]
h-MSi2−x(11¯00) // Si(001) h-MSi2−x[112¯0] // Si[1¯1¯0]
Si(011) h-MSi2−x(1¯1¯20) // Si(11¯0) h-MSi2−x(33¯01) // Si(112¯)
Si(111) h-MSi2−x[0001] // Si[111] h-MSi2−x(101¯0) // Si(1¯1¯2)
Table 4.4: Overview of the preferential growth orientations for the hexagonal MSi2−x phase on
respectively Si(100), Si(110) and Si(111).
Identical epitaxial relationships have been reported for the h-MSi2−x phase of Y [101], Dy
[125, 84], Er [95, 87] and Yb [138, 96] on both Si(100) and Si(111). For these materials, no pole
figures measurements were performed but the presence of the reported epitaxial relationships
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in our samples can be derived from the in situ XRD results. On Si(111), the link is the most
apparent as the intensity of the (002) peak (52◦) was much higher than that of the other
h-MSi2−x diffraction peaks for all of the studied RE metals. This indicates that the (00X)
planes are preferentially oriented parallel to the Si substrate interface which corresponds well
with the reported epitaxial relationship h-MSi2−x[0001] // Si[111].
Composition M M M5Si3 MSi M3Si5 MSi2−x MSi2
Structure hex FCC hex orth hex hex orth







poly-Si 380 380 795
Si(100) 390 390 835
Si(110) 400 400 850
Si(111) 440 440 870
Dy
poly-Si 430 0 / 430 440
Si(100) 460 0 / 460 475
Si(110) 455 0 / 455 465
Si(111) 480 0 / 480 500
Er
poly-Si 440 440 450
Si(100) 460 460 480
Si(110) 460 460 470
Si(111) 470 470 540
Yb
poly-Si 375 380 440 720
Si(100) 380 380 440 510 730
Si(110) 420 380 490 750
Si(111) 420 370 500 580 780
Table 4.5: Overview of the temperatures in ◦C/s at which phases in the studied RE/Si systems
form or disappear during a 3 ◦C/s ramp anneal for the different Si substrates. These
temperatures were selected as the temperatures at which the rate of increase (or decrease
for the pure metal) in intensity of the corresponding XRD peaks is maximal.
Influence of substrate orientation on phase formation An overview of the in situ XRD
results acquired for the different RE/Si systems is shown in figure 4.23. In this figure, it is
evident that the formation temperatures of the different RE silicides are always lower on poly-
Si than on any of the other studied substrates. As the RE metal films were simultaneously
deposited on all substrates, the shifts in formation temperature can be attributed to the
different orientation of the Si substrates.
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Figure 4.23: Overview of the in situ XRD results of the 5 studied RE metals on poly-Si, Si(100),
Si(110) and Si(111). For comparison, the temperatures at which the RE metal peaks
disappear on poly-Si are indicated with a dashed line.
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Influence on M5Si3 formation For the heavy RE elements (Dy, Er and Yb), the
relative peak intensities of the M5Si3 diffraction peaks in the in situ XRD spectra are not
influenced by the substrate orientation (figures 4.15, 4.18 and 4.22). This indicates that the
texture of the M5Si3 phases is similar on all studied substrates and therefore not expected
to influence their formation temperature.
A possible explanation for the observed differences in formation temperatures on the
different substrates, can reside in the large elastic stresses that have been reported during
RE-silicide formation [140]. These compressive stresses are the result of the immobility of
the RE metals at the silicide formation temperatures [78] as this implies that, although RE-
silicide formation decreases the overall volume of the thin film system, their formation will
cause a local increase in volume with respect to the metal only. For reference, the local volume
increase (∆V/V ) associated with the formation of M5Si3 is tabulated in table 4.6 for the 3









(cm3/mol) (cm3/mol) (%) (cm3/mol) (%) (%)
Y 19.8 31.8 60
Gd 19.8 32.6 64
Dy 19.0 23.1 21 31.4 36
Er 18.2 22.3 22 30.5 37
Yb 24.7 22.3 -10 30.6 37
Table 4.6: Overview of the increase in volume with respect to the metal only during the transforma-
tion of a RE metal (M) into M5Si3 or hexagonal MSi2−x.
Although it is difficult to quantify the influence of stress on phase formation, it typically
introduces an elastic strain energy ∆Helastic which will counterbalance the driving force for
the formation of the silicide phase ∆G. The size of the strain energy is generally proportional
to the volume difference introduced by the silicide formation but is also influenced by the
lattice match between the silicide film and the Si substrate [141, 142]. This dependence of
the strain energy on the substrate orientation might explain the shift in M5Si3 formation
temperatures. Based on table 4.6, a stronger effect of the strain energy is expected for Dy
and Er based on the larger volume difference with respect to Yb. This corresponds well with
our in situ XRD results as the formation temperature of Y b5Si3 is almost independent of the
used substrate while a relatively larger shift in formation temperatures is detected for Dy5Si3
and Er5Si3 (table 4.5).
Influence on hexagonalMSi2−x formation Although the hexagonal h-MSi2−x phases
form out of the unreacted metal film for light RE metals (Y, Gd) and out ofM5Si3 for heavier
RE metals (Dy, Er, Yb), their formation always shows the typical characteristics of nucleation







(∆Hform −∆Helastic − T∆S)2 (4.1)
in which ∆σ corresponds to the difference in interface energy before and after nucleation,
∆Hform is the difference in formation enthalpy, ∆Helastic is the strain energy induced by the
4.9. CONCLUSION 71
volume difference associated with the h-MSi2−x formation (table 4.6) and T∆S has its usual
meaning. Based on the definition of the surface term (∆σ = (σM/MSi2−x + σSi/MSi2−x) −
σM/Si), the epitaxial relationships which were identified between the h-GdSi2 film and the
various Si substrates (table 4.4) will decrease the value of ∆σ. As a result, the formation
temperatures of MSi2−x are expected to decrease with increasing epitaxial quality of the
MSi2−x film (Tpoly−Si > TSi(100) ≈ TSi(110) > TSi(111)). However, this does not correspond
well with the detected shift in formation temperatures in our experiments.
Similar to the formation of theM5Si3 phases, the observed differences might be related to
a large influence of the strain energy ∆Helastic on the phase formation due to the significant
volume difference associated with its formation out of respectively the as-deposited metal film
(Y, Gd) or out of the M5Si3 phase (table 4.6). Another possible explanation might reside
in a different diffusion rate of the elements through the h-MSi2−x phase depending on the
orientation of the substrate. This can be understood by taking into account that, as the size
of the formed h-MSi2−x grains increases with increasing epitaxial quality, a very thin layer
of epitaxially grown MSi2−x will contain less grain boundaries than a randomly oriented
layer of the same thickness 1. As grain boundary diffusion is typically the dominant diffusion
type during solid state reactions, this decrease in possible diffusion paths can decrease the
growth rate of the epitaxial MSi2−x film and consequently increase its average formation
temperature. The different diffusion characteristic may also explain the detected correlation
between the width of the temperature interval in which MSi2−x grows and the quality of its
epitaxial relationship with the Si substrate (figure 4.10).
Influence on othorhombicMSi2 formation Due to the limited compositional change
that is associated with the formation of orthorhombic o-GdSi2 out of hexagonal h-GdSi2−x,
the driving force of this transformation (∆G) is very small. As a result, the formation of
o-GdSi2 is probably nucleation controlled and therefore governed by an activation energy
∆G∗ (equation 4.1). Based on the pole figures of the orthorhombic GdSi2 phase, a largely
polycrystalline film is expected on all of the studied substrates with traces of an epitaxial
relationship of a very low quality on Si(100) and Si(110). This implies that the size of ∆σ will
increase with increasing epitaxial quality of the h-GdSi2−x film. This can explain the observed
increase in o-GdSi2 formation temperatures from poly-Si to Si(111) substrates (figure 4.5).
4.9 Conclusion
In this chapter, the solid state reaction between 5 RE metals (Y, Gd, Dy, Er and Yb) and 4
different Si substrates (poly-Si, Si(100), Si(110) and Si(111)) was studied using in situ XRD.
The phases which form during the silicidation were first identified during the reaction of
a 100 nm RE metal film and a poly-Si substrate. Depending on the mass of the RE element,
a different phase sequence was found. For light RE elements (Y, Gd), the hexagonal MSi2−x
is the first phase that forms during the solid state reaction while for the heavier RE metals
(Dy, Er and Yb), the M5Si3 phase forms first followed by the formation of MSi2−x at higher
temperatures. The h-MSi2−x is stable up to 950
◦C for all studied RE metals except Gd for
which the transformation of the film into orthorhombic GdSi2 is detected around 800
◦C.
1To quantify this assumption, EBSD measurements were attempted to determine the size of the h-MSi2
grains. However, this did not yield reliable results due to the roughness of the silicide surface.
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For most of the RE metals, the same phase sequence was observed on Si(100), Si(110) and
Si(111). The exception is Yb for which the formation of a second intermediate silicide phase
was detected between Y5Si3 and Y bSi2−x on Si(100) and Si(111). Accurate identification of
this phase was not possible due to the limited number of observed diffraction peaks which
prevented us from distinguishing between YbSi or Y b3Si4.
For all of the studied RE metals, a large influence of the substrate orientation on the
formation temperatures of all RE-silicides was established. The formation temperatures typ-
ically increase from their lowest value on poly-Si through intermediate values on Si(100) and
Si(110) up to their highest value on Si(111). The shift in formation temperatures can be
linked to the texture of the h-MSi2−x phases as epitaxial relationships of various quality are
observed between this phase and Si(100), Si(110) and Si(111).
Chapter 5
The Ni/Yb/Si system
A recent trend in micro-electronics pertains the use of alloying elements to improve the gen-
eral properties of well-know contact materials such as NiSi or to tailor their properties for
certain applications. In this chapter, the feasibility of using RE metals as alloying elements
in the Ni/Si system is studied by identifying the effect of RE metal addition on the Ni-silicide
formation. To this end, the phase formation in the ternary Ni/Yb/Si system was studied
for Ni-Yb alloy and bilayer structures on Si(100) substrates using in situ X-ray diffraction
measurements. Yb was treated as an alloying element in the Ni-Si system with Yb concen-
trations varying between 0 and 60 atomic% of the Ni concentration. In addition to phase
identification, information about the distribution of the phases throughout the thin silicide
film was obtained for samples containing 20% of Yb using ex situ Rutherford back scattering
analysis. The combination of both techniques allowed a thorough characterization of the solid
state reaction in the ternary Ni/Yb/Si system.
5.1 Introduction
NiSi is currently used to contact complementary metal-oxide semiconductor (CMOS) inte-
grated circuits because of its low resistivity, low temperature of formation and good stability
[7]. However, in light of the challenges related to sub 45 nm CMOS devices, some key prop-
erties should still be improved. In particular, the large (± 0.65 eV) Schottky barrier height
(SBH) between NiSi and n-type Si leads to a high contact resistance which can potentially
limit its usefulness as a Source/Drain contact material [143]. NiSi is also considered as a fully
silicided (FUSI) gate material due to its compatibility with conventional flows. However, its
mid-range band gap causes the need for work function modulation through phase control [14]
or the addition of dopants (As, B) [144] or alloying elements (Er,Yb) [15].
As discussed in the previous chapter, rare earth (RE) metals are interesting materials for
n-type devices as they display an intrinsic low work function which results in a low (0.3 - 0.4
eV) SBH between their silicides and n-type Si [1, 145]. Unfortunately, pure RE silicides are
very prone to oxidation and pinhole formation is a significant problem as Si is the dominant
diffusing species (DDS) during the silicidation [93, 96]. However, the addition of small quan-
tities of RE metals has been reported to improve the electrical properties of NiSi [15, 146].
As oxidation is a major concern and Yb is less prone to oxidation than most of the other RE
elements [92, 145], the remainder of this chapter will focus on the effect of Yb addition to the
Ni/Si system. The deposition of a Ni-Yb alloy allowed Luo et. al. [147] to decrease the SBH
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on n-type Si to ± 0.52 eV. Lee et al. [148], Chen et. al. [149] and Yu et al. [150] were able to
reduce the work function of a NiSi FUSI gate through the use of respectively an Yb interlayer
and 2 different Ni-Yb alloys. The improved electrical characteristics are commonly attributed
to Yb pile up at the substrate interface. However, the underlying physical mechanisms are
still subject to discussion [151].
5.2 Binary systems
As discussed in section 2.4.2, the phase formation in ternary M1/M2/Si films can usually
be considered as a combination of 3 separate binary systems with the possible inclusion of
ternary phase formation. To this end, a detailed overview of the phase formation in the 3
relevant binary systems (Ni/Si, Yb/Si and Ni/Yb) is presented in this section.
5.2.1 The Ni/Si system
The Ni/Si system has been studied extensively during the last decades as it is one of the most
used contact materials in microelectronics [7, 90]. However, despite the amount of research
performed on this system, the exact phase sequence is still not completely characterized due
to the large variety of Ni-rich phases (figure 5.1). This impedes the identification of the initial
silicide phases. The formation of these silicides is always followed by the sequential formation
of Ni2Si, NiSi and NiSi2. Ni2Si and NiSi form according to a diffusion controlled reaction
while the NiSi2 formation is nucleation controlled [48]. Ni was identified as the dominant
diffusing species during the formation of all Ni-silicides [152, 36].
Figure 5.1: The phasediagram of the Ni/Si system
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An overview of the in situ XRD results of a 100 nm Ni film on Si(100) is shown in figure
5.2. In this figure, the presence of the Ni film at room temperature is evident from the Ni(111)
peak near 53◦. At 300 ◦C, two additional XRD peaks appear at 27◦ and 55◦. These diffraction
peaks can be linked to a variety of Ni-rich silicides which makes correct phase identification
very difficult. The formation of the Ni-rich silicide(s) is followed by the formation of Ni2Si
at 310 ◦C, indicated by the appearance of its (011), (102), (112), (202) and (020) peaks at
respectively 32, 37, 46, 53 and 57◦. This phase transforms into the NiSi phase near 450 ◦C as
is evident from the diffraction peaks at 27, 37, 42, 54 and 60◦ (respectively from the (101),
(002), (111), (112) and (103) peaks). Finally, at 880 ◦C, the peaks around 33 (111) and 56◦
(220) indicate the start of the NiSi2 formation.
Figure 5.2: In situ XRD results of a 100 nm Ni film on a Si(100) substrate using ramp anneals from
100 ◦C to 950 ◦C at a fixed rate of 3 ◦C/s.
5.2.2 The Yb/Si system
The phase formation in the Yb/Si system has been described in detail in section 4.7. For
completeness, the in situ XRD results for a 100 nm Yb film on Si(100) are shown in figure
5.3. The presence of the Yb film at room temperature is evident from the Yb(111) , Yb(200)
and Yb(220) diffraction peaks around respectively 33, 38 and 55◦. At 380 ◦C, additional
diffraction peaks are detected at 29, 36, 38, 43 and 60◦ which correspond well with the (200),
(102), (210), (211) and (400) peaks of Y b5Si3. These peaks disappear at 440
◦C and are
replaced with a single XRD peak at 61◦ which can be linked to the YbSi(060) peak. At
510 ◦C, Y b3Si5 formation is detected based on the presence of its (001), (110), (111), (210),
(002) and (300) diffraction peaks at respectively 25, 32, 41, 49, 52 and 57◦. The structure
of the film changes into that of the Y bSi2−x phase at 740
◦C as is evident from the small
shift in the XRD peaks together with the disappearance of the peak at 49◦ and the sudden
appearance of the Y bSi2−x(102) peak near 62
◦. This phase is stable up to 950 ◦C. However,
oxidation of the film is detected at 830 ◦C as the XRD peaks at 24 , 34 and 58◦ can be linked
to the (211), (222) and (440) peaks of Y b2O3.
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Figure 5.3: In situ XRD results of a 100 nm Yb film on a Si(100) substrate using ramp anneals from
100 ◦C to 950 ◦C at a fixed rate of 3 ◦C/s. A 5 nm Si capping layer was deposited on top
of the Yb film.
5.2.3 The Ni/Yb system
An interesting overview of the bulk Ni/Yb system was reported by Palenzona et al. [153].
They detected the presence of 5 intermetallic compounds (NiYb, Ni2Y b, Ni3Y b, Ni5Y b
and Ni17Y b2) in the Ni/Yb system (figure 5.4). For Yb concentrations > 50%, a large
immiscibility gap was detected in the liquid state between Yb and NiYb while at low Yb
concentrations NiYb compounds formed. This was linked to the different valency states of
the Yb atoms as Yb reacts as a divalent element at high Yb concentrations (> 50%) while at
low Yb concentrations (≤ 50%), the Yb atoms are present in their trivalent state .
To study the phase formation in the Ni/Yb system, in situ XRD measurements were
performed on Ni/Yb alloy and bilayer samples containing 20 % of Yb. TiN substrates were
used to minimize the influence of the substrate and a very thin Si capping film (5 nm) was
deposited on the samples to prevent oxidation. The results are shown in figure 5.5.
Yb Interlayer The Ni(111) and Ni(200) near 53 and 62◦ and the Yb(111) and Yb(200)
peaks near 33 and 38◦ indicate the presence of Ni and Yb in the as-deposited interlayer
film. These elements interact and form a NiYb compound at 310 ◦C as is evident from the
appearance of the NiYb (101), (110), (111), (002) and (210) peaks near respectively 25, 29,
36, 39 and 41◦. The peak at 44◦ (Z) which appears simultaneously with the NiYb peaks can
not be linked to a Ni-Yb compound but might be related to the formation of a Ni-rich silicide
phase due to Ni interaction with the Si capping layer. This assumption is strengthened by
the fact that the disappearance of this peak at 440 ◦C coincides with the appearance of a
very weak peak at 54◦ which can be linked to the Ni2Si phase. At 440
◦C, Ni2Y b formation
is detected from the appearance of its diffraction peaks at 25 (111), 42 (220) and 49◦ (311).
Increasing the temperature causes a significant shift in position of these diffraction peaks.
This can be linked to the small homogeneity range of Ni2Y b as this allows the Ni2Y b phase
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Figure 5.4: The Ni/Yb phase diagram.
Figure 5.5: In situ XRD results of Ni/Yb films on TiN substrates containing 20 at% of Yb. The
samples were subjected to a ramp anneal from 100 ◦C to 950 ◦C at a fixed rate of 3 ◦C/s.
A 5 nm Si capping layer was deposited on top of the metal film.
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to form limited solid solutions with Yb and Ni [153]. The Ni2Y b phase transforms into the
Ni5Y b phase at 660
◦C as is evidenced by its (100), (101), (110), (111) and (002) peaks at 24,
36, 43, 52 and 54◦. The Ni5Y b phase is stable up to 790
◦C at which temperature interaction
with the TiN substrate leads to the formation of a variety of Ni/Ti/Yb compounds. According
to the Y b2O3(222), Y b2O3(400) and Y b2O3(440) peaks near 35, 40 and 58
◦, oxidation of the
film starts at 440 ◦C. The low oxidation temperature can be attributed to an error during
the deposition of this sample as the deposition chamber was vented between the deposition
of the Yb and the Ni film. To verify this assumption, a sample with similar structure and
composition was studied using the in situ XRD setup at Ghent University. The result are
shown in figure 5.6. From this figure, it is evident that the oxidation of the ‘unvented’ sample
starts at much higher temperatures (about 700 ◦C). However, the difference in oxidation did
not influence the phase formation in the Ni/Yb system as the sequential formation of NiYb,
Ni2Y b and Ni5Y b is detected for both Ni/Yb interlayer samples.
















Figure 5.6: In situ XRD results of a Ni/Yb interlayer sample containing 20 at% of Yb using the in
situ setup at Ghent University. The sample was subjected to a ramp anneal from 100 ◦C
to 950 ◦C at a fixed rate of 3 ◦C/s. A 5 nm Si capping layer was deposited on top of the
metal film.
Ni-Yb Alloy The simultaneous deposition of Ni and Yb creates an amorphous mixture
of both elements. As a result, no XRD peaks are visible for the alloy sample up to 390 ◦C.
At this temperature, a single diffraction peak (X) appears at 57◦. The peak disappears at
470 ◦C due to the transformation of the corresponding phase into a second phase with a single
diffraction peak at 55◦ (Y). Both diffraction peaks could not be linked to Ni-Yb compound
formation but are most likely caused by the formation of respectively a Ni-rich silicide (X)
and Ni2Si (Y) due to the interaction of Ni atoms with the Si capping layer. At 500
◦C, the
formation of the first Ni-Yb compound is detected from the appearance of diffraction peaks
at 24, 26, 36, 43, 52 and 54◦ which can be linked to the (100), (001), (101), (110), (111)
and (002) peaks of Ni5Y b. The Ni5Y b phase is stable up to 750
◦C at which temperature
oxidation of the film is detected (evident from the Y b2O3 (222), (400) and (440) diffraction
peaks near 35, 40 and 58◦). The oxide formation consumes Yb out of the Ni5Y b phase which
explains the simultaneous formation of a pure Ni film (Ni(111) and Ni(200) near 53 and 62◦).
Finally, at 790 ◦C, interaction with the TiN substrates is detected.
5.3. THE NI/YB/SI SYSTEM 79
5.3 The Ni/Yb/Si system
In this section, the influence of Yb addition on the solid state reactions in the Ni/Si system is
studied using in situ XRD measurements. A thorough identification of the formed compounds
is performed first for Ni/Yb/Si structures containing 20 at% Yb through the use of in situ
XRD in combination with ex situ RBS measurements. The influence of the Yb concentration
is also studied for Ni-Yb alloy and interlayer structures by studying the variations in the
observed phase sequence caused by altering the Yb concentration from 0 to 60 at %. The in
situ setups at Brookhaven National Lab and Ghent university allow us to obtain the results
of this large experimental matrix in a time efficient way by using ramp anneals at a fixed rate
of 3 ◦C/s.
5.3.1 Sample preparation
The Si(100) substrates were RCA cleaned and shortly dipped into a dilute (2 %) HF solution
before being mounted in a sputter deposition chamber. The Yb interlayer samples consist
of a 100 nm Ni film on top of an Yb interlayer of which the thickness was varied in order
to obtain different atomic concentrations of Yb (table 5.1). Alloy samples with identical Yb
concentrations were made using simultaneous depositions of Ni and Yb. An Yb capping layer
sample containing 20 at% of Yb was also made by depositing a 80 nm Yb film on top of a
100 nm Ni film. To protect the samples from oxidation, a thin (10 nm) Si cap was deposited
on all samples. All depositions were performed sequentially in the same system in a 5 ∗ 10−1
Pa Ar atmosphere after reaching a base vacuum of 10−4 Pa.
At.% Yb (%) 0 2.5 5 10 15 20 25 30 35 40 50 60
Ni thickness (nm) 100 100 100 100 100 100 100 100 100 100 100 100
Yb thickness (nm) 0 8 20 40 60 80 100 120 130 150 200 240
Table 5.1: Overview of the equivalent Ni and Yb thicknesses used for the different Ni/Yb alloy and
bilayer systems on Si(100).
5.3.2 Phase formation in the Ni/Yb/Si system with 20 at% Yb
In situ XRD results
To identify the formed compounds during the solid state reactions in the Ni/Yb/Si system,
in situ XRD measurements were performed on Ni/Si samples containing 20 at% of Yb using
the in situ setup at Brookhaven National Lab. Three different structures were studied: an
Yb interlayer, an Yb capping layer and a Ni-Yb alloy. The results are shown in figures 5.7
and 5.8 with the use of a logarithmic gray scale. As one XRD measurement is limited to ±
14◦ in 2θ, multiple measurements are combined to show all the relevant XRD peaks. The
formation temperatures of the various phases were selected as the temperatures at which the
rate of increase in intensity of the corresponding XRD peaks is maximal.
Yb interlayer For the interlayer sample (figure 5.7, IL), the peaks at 52◦ (Ni(111)) and
61◦ (Ni(200)) establish the presence of a Ni film in the as-deposited sample. The Yb presence
is confirmed by the peaks around 33◦ (Yb(111)) and 38◦ (Yb(200)). Both materials are
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deposited in a face centered cubic (FCC) structure. The small diffraction peak around 35◦
corresponds well with the (111) peak of NiYb. This indicates that Ni and Yb were able
to react during deposition. Additional NiYb peaks (39◦ (002) and 43◦(211)) appear after
heating the sample to 230 ◦C in addition to an increase in intensity for the peak at 52◦
(NiYb(202) peak). The creation of this intermetallic phase lowers the intensity of the Ni and
Yb diffraction peaks as Ni and Yb atoms are being consumed. However, the Yb phase remains
present until a Ni2Y b phase forms around 450
◦C which is clear from the appearance of its
(111) , (220) and (321) diffraction peaks at respectively 25◦, 42◦ and 49◦. The weak peak
that is visible around 54◦ is unrelated to this phase but corresponds well with the (013)-peak
of Ni2Si. This indicates that both phases can grow simultaneously due to the reaction of
mobile Ni atoms with the underlying Yb layer (Ni2Y b) and the Si capping layer (Ni2Si). At
580 ◦C, a ternary Y bNi2Si2 phase appears (2θ = 29
◦ (101), 44◦(112) and 55◦(200)) which is
immediately followed by the formation of NiSi at 590 ◦C ( 2θ = 36◦ (011), 42◦(102), 53◦(112)
and 61◦(103)). All of the excess Ni is consumed during the formation of this phase. The
Y bNi2Si2 and NiSi phases coexist until the Y bNi2Si2 phase breaks down at 760
◦C and a
large number of additional XRD peaks appear. No clear identification of these peaks was
possible but several peaks correspond well with those of Y b2SiO5 and Y b2Si2O7. Together
with the absence of diffraction peaks from Y b3Si5 or Y bSi2, this suggests that, despite working
in a purified He ambient, oxygen is able to diffuse into the film at these elevated temperatures
and is gathered by the Yb atoms [92]. Finally, NiSi2 formation is detected around 810
◦C as
is evidenced from its (111) and (220) peaks at 33◦ and 56◦.
Figure 5.7: In situ XRD results for Ni/Yb samples containing 20 % Yb in the form of an Yb interlayer
(IL) and Yb Capping Layer (CL). The samples were heated from 100 ◦C to 950 ◦C at a
fixed rate of 3 ◦C/s.
Yb capping layer For the sample with the Yb capping layer (figure 5.7, CL), Ni and Yb
films are detected at room temperature based on the presence of their respective diffraction
peaks. In addition, the NiYb(111) peak is also observed at 35◦. This indicates that the
reaction during deposition between Ni and Yb is independent of the deposition sequence of
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these metals. At 260 ◦C, additional diffraction peaks of the NiYb phase appear at 29 , 39 and
53◦ respectively caused by diffraction at its (110), (002) and (111) planes. The formation of
the phase lowers the intensity of the Ni and Yb peaks as both elements are consumed during
its formation. As was the case for the Yb interlayer sample on TiN (figure 5.5), a diffraction
peak appears at 44◦ which is stable in the same temperature interval as the NiYb phase.
This peak, together with the simultaneously appearing peak at 49◦, could not be linked to
Ni-Yb compound formation but might be related to the formation of a Ni-rich silicide. The
formation of such a silicide can be expected at this temperature as the Ni film is in direct
contact with the Si substrate which suggests that the Ni-silicide formation is unimpeded and
the formation temperatures of the Ni-silicides are near those detected in the pure Ni/Si system
(figure 5.2). At 320 ◦C and 400 ◦C, additional diffraction peaks are observed at respectively
55◦ and 54◦/57◦ which can also be linked to Ni-rich silicides. The corresponding silicide phase
could not be identified except for the phase at 400 ◦C as these diffraction peaks correspond
well with the Ni2Si(013) and (020) peaks. At 420
◦C, the formation of the Ni2Y b phase is
detected from its (111) , (220) and (321) diffraction peaks at respectively 25◦, 42◦ and 49◦.
The formation of this phase causes the disappearance of the Yb peaks which indicates that
the entire deposited Yb film is transformed into Ni2Y b at this temperature. However, due
to the excess of Ni in the sample, the Ni peaks still remain present until the growth of NiSi
starts at 450 ◦C (2θ = 27◦ (101), 36◦ (011), 37◦ (002), 42◦ (102), 53◦ (112), 56◦ (211) and
61◦ (103)). When the Si atoms become mobile around 580 ◦C, the Ni2Y b phase transforms
into the ternary Y bNi2Si2 based on the appearance of its (101), (112) and (200) peaks at
respectively 29◦ , 44◦ and 55◦. This phase oxidizes at 770 ◦C as is evident from the appearance
of a variety of oxide peaks. Finally, NiSi2 formation is detected at 810
◦C (2θ = 33◦ (111)
and 56◦ (220)).
NiYb Alloy The XRD spectra of the Ni-Yb alloy (figure 5.8) show a lot of similarities with
those of the corresponding bilayer samples. There is a clear difference at low temperatures (<
400 ◦C) as the simultaneous deposition of Ni and Yb leads to an amorphous Ni-Yb alloy. As a
result, no XRD peaks are visible until at 420 ◦C a peak appears around 53◦. As only one peak
is visible, the identification of the corresponding phase is difficult but the peak is most likely
caused by the appearance of a Ni rich silicide. The formation of this phase is immediately
followed by the formation of Ni2Y b around 465
◦C as is evidenced by the diffraction peaks
around 25◦, 42◦ and 49◦. Note that in this case there are no indications of the existence
of a NiYb phase prior to the Ni2Y b formation. Compared to the Yb interlayer sample, the
lack of an Yb interlayer (i.e. a diffusion barrier) enhances the NiSi formation (peaks at 2θ =
27◦ (101), 36◦ (011), 42◦(102), 53◦(112) and 61◦(103)) and lowers its formation temperature
to 525 ◦C. This reverses the order of formation of NiSi and Y bNi2Si2 as the growth of
the ternary phase starts around 590 ◦C based on the appearance of its diffraction peaks at
29◦ (101), 44◦(112) and 55◦(200) 2θ. The 2 phases are simultaneously present in the film
until the ternary phase breaks down into various Y bxSiyOz oxides at 790
◦C. Finally, the
transformation of the NiSi phase to NiSi2 is visible around 810
◦C from the appearance of
its (111) and (220) peaks at 33◦ and 56◦.
RBS results
To verify the in situ XRD results and study the Ni and Yb distribution during the solid phase
reactions, ex situ RBS analysis was performed on alloy and interlayer samples containing 20
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Figure 5.8: In situ XRD results for a Ni/Yb alloy containing 20 % Yb on a Si(100) substrate. The
samples were heated from 100 ◦C to 950 ◦C at a fixed rate of 3 ◦C/s.
at% of Yb. The Yb capping layer samples were omitted from this study due to the similarities
in phase formation with the interlayer samples. In addition, Yb pile-up at the Si substrate
interface is expected to influence the electrical properties of NiSi and this is least likely in the
capping layer structure. The samples were heated at a fixed ramp rate of 3 ◦C/s using the in
situ XRD setup and quenched at 170, 300, 400, 510, 700 and 870 ◦C. The results are shown
in figure 5.9 where the alloy and interlayer systems are represented by respectively solid and
dashed lines.
The different elements are easily identifiable in these spectra as their backscattered He
atoms give rise to three well separated energy ranges with the highest energy corresponding
to the heaviest element. Since backscattering at a larger depth yields a larger loss in energy,
a depth scale relative to the sample surface can be added for each element. The Si signal
consists of two parts, a spread out low energetic part (0 - 780 keV) which is typical of a Si
substrate and a small peak around 880 keV caused by the presence of the Si capping layer.
The Ni signal is found between ± 1030 and 1200 keV and the Yb signal between 1280 and
1450 keV.
Yb Interlayer For the interlayer sample, the layered structure is apparent at low temper-
atures (170 ◦C) as the energy of the Yb signal is shifted toward lower energies (i.e. deeper
in the film), whereas the energy shift corresponds to the thickness of the covering Ni layer.
At 300 and 400 ◦C, the Ni signal spreads to lower energies which represents Ni atoms dif-
fusing into the Yb film. The Ni indiffusion causes the Yb atoms to increasingly spread out
throughout the deposited film. This behavior is consistent with Ni-Yb compound formation
as observed in the XRD measurements. At 400 ◦C, a slight change in the Si signal can be
detected. Together with traces of Yb atoms situated below the original Si substrate interface,
this could indicate the presence of a very thin Y b5Si3 film near the substrate interface. Start-
ing at 510 ◦C, the deposited film clearly interacts with the Si substrate through the formation
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Figure 5.9: Overview of ex situ RBS measurements on quenched samples containing 20 at% of Yb.
The alloy and interlayer samples are represented by respectively a solid and dashed line.
The samples were heated at a fixed ramp rate of 3 ◦C/s and quenched at 170, 300, 400,
510, 700 and 870 ◦C.
84 CHAPTER 5. THE NI/YB/SI SYSTEM
of Si compounds such as Y b5Si3, Y bNi2Si2 and NiSi. With increasing temperature (700
◦C,
870 ◦C), the mobile Ni atoms diffuse deeper into the sample to form Ni silicides as is evi-
denced by the continuous shift to lower energies of the Ni signal. The Ni movement explains
the concurrent shift of the Yb signal to higher energies as the immobile Yb atoms get closer
to the sample surface due to the consumption of the Ni top layer. Eventually, a Ni-Si-Yb
containing top layer is formed on top of the Ni silicides. This new top layer oxidizes readily
at these elevated temperatures which is noticeable from the small increase in backscattering
yield around 530 keV
NiYb Alloy In the alloy sample, the Ni and Yb atoms are distributed throughout the entire
as-deposited film. This distribution is not completely homogeneous and a slight gradient in
the Yb concentration can be noticed with a lower concentration near the Si substrate and a
higher concentration near the sample surface. The gradient is a result of the simultaneous
deposition of the film as the Yb sputter target is very prone to oxidation which may result in a
decreased initial deposition rate. The initial distribution is stable with increasing temperature
until at 400 ◦C the Ni signal shifts to lower energies. Together with the corresponding change
in the Si signal, this indicates Ni silicide formation at the original substrate interface. Similar
to the interlayer sample, Yb atoms segregate out of the growing Ni silicides with increasing
temperatures which results in the formation of a ternary phase near the surface of the sample.
At high temperatures (700 ◦C and 870 ◦C), the elements become mobile enough to eliminate
the influence of the initial distribution. As a result, the RBS spectra are similar to those
reported for the interlayer sample.
5.3.3 Influence of the Yb concentration
An important parameter that influences the phase formation in a ternary system is the relative
concentration of the respective elements. In this section, we will focus on the effect of different
Yb concentrations as in practical applications, Yb will be used as an alloying element in the
Ni/Si system. As Ni-Yb compound formation has only been observed for Yb concentrations
≤ 50 at% [153], this is expected to have a significant effect on the observed phase sequence.
Yb concentrations < 50 at%
The influence of low Yb concentrations on the Ni/Si phase sequence was studied using in situ
XRD measurements at a fixed ramp rate of 3 ◦C/s at Brookhaven National lab. The XRD
spectra obtained for alloy and interlayer samples with an Yb concentration of 0, 2.5, 5, 10,
15, 20, 25, 30, 35 and 40 at% are shown in figure 5.10 together with the results of a 30 nm
pure (100 at%) Yb film on Si(100).
Yb interlayer For the interlayer samples, the Yb addition gradually changes the phase
sequence from a slightly modified Ni/Si system at low Yb concentrations (2.5 and 5 %) to the
phase sequence described in section 5.3.2 (figure 5.7). At low concentrations, the only clear
indications of an Yb presence in the film are the higher formation temperatures of Ni2Si
and NiSi and the appearance of the ternary Y bNi2Si2 phase (2θ = 44
◦(112)). Only faint
contours of other Yb containing phases are visible. For concentrations up to ± 10 at%, the
presence of a Ni2Si phase is detected in the short temperature range between the formation
of Y bNi2Si2 and NiSi based on the XRD peaks at 36
◦(102) and 38◦(111). The delay in
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Figure 5.10: In situ XRD results of NiYbSi interlayer and alloy samples containing 0, 2.5, 5, 10, 15,
20, 25, 30, 35 and 40 at% of Yb. For comparison, the results of a 30 nm Yb film on
Si(100) is also shown. The samples were heated at a fixed ramp rate of 3 ◦C/s from
100 ◦C to 950 ◦C.
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formation of this phase until after the ternary phase and its disappearance at higher Yb
concentrations, establishes the Yb interlayer as a diffusion barrier for the moving Ni and/or
Si atoms. This is consistent with the observation that the intensity of the XRD peak at 43◦
increases around 370 ◦C for higher Yb concentrations. As this peak position corresponds well
with the (211) peak of NiYb but also with the (211) peak of Y b5Si3, the increase of this peak
can be linked to Y b5Si3 formation at the Yb/Si interface.
NiYb alloy For the alloy samples with low Yb concentrations (0 - 10 at%), the phase
sequence corresponds very well with that of the pure Ni/Si system as the sequential formation
of Ni2Si, NiSi and NiSi2 is detected. The formation temperatures of these phases shift
according to Yb content but no Yb compounds are visible besides the ternary Y bNi2Si2
phase (2θ = 44◦(112)). For 10 at% Yb, the faint contours of the (321) peak of Ni2Y b can be
noticed around 49◦ and for higher Yb concentrations, the formation of this phase becomes
increasingly dominant due to the increasing similarity between the composition of the as-
deposited alloy and this phase. This results in a lower formation temperature (from around
470 ◦C for 20 % to 370 ◦C for 40%) and an increased stability range (up to 680 ◦C for 40%)
for the Ni2Y b phase. This enhanced formation eliminates the appearance of Ni2Si in the
phase sequence and delays the formation of the NiSi phase.
Yb concentration ≥ 50 at%
For high Yb concentrations, the phase formation in alloy and interlayer samples containing
50 and 60% of Yb was studied using the in situ setup at Ghent university. Ramp anneals at
a fixed ramp rate of 1 ◦C/s were used and the obtained spectra are shown in figure 5.11. For
easier comparison with the low Yb concentrations, the results of alloy and interlayer samples
containing 40% Yb are also shown in this figure.
Figure 5.11: In situ XRD results of NiYbSi interlayer and alloy samples containing 40, 50 and 60
at% of Yb. The samples were heated at a fixed ramp rate of 1 ◦C/s from 100 ◦C to
950 ◦C.
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Yb interlayer For the interlayer samples, no significant effect of the higher Yb concen-
tration is detected as the phase sequence looks very similar for the 3 concentrations. The
only apparent features of the increasing Yb concentration are the larger temperature range in
which NiYb is stable and the slight increase in the formation temperature of NiSi which can
be linked to a thicker Yb interlayer (= diffusion barrier). In addition, oxidation of the film is
detected around 500 ◦C from the appearance of the Y b2O3(222) and Y b2O3(400) peaks at 29
◦
and 34◦. The intensity of these diffraction peaks and thus the amount of oxidized material
increases according to Yb content which can be expected due to the larger probability of Yb
surface atoms.
NiYb alloy For the Ni-Yb alloys, a large difference is detected between the samples contain-
ing 50 and 60 % of Yb and those with lower Yb concentrations. The first distinct difference
is the appearance of the Yb(200) peak (2θ = 32◦) at room temperature. No Ni peaks are
detected but the peak near 30◦ corresponds well with the (111) peak of NiYb. This suggests
that at high Yb concentrations, Yb and NiYb grains already segregate out of the Ni-Yb alloy
during the deposition. This immiscibility at high Yb concentrations is consistent with the
findings of Palenzona et al. [153] who reported that quenching (from 1500 ◦C) bulk Ni/Yb
alloys with Yb concentrations higher than 50% resulted in a double layered structure with
in one half an Yb matrix with NiYb drops and in the other a NiYb matrix with Yb drops.
At 250 ◦C, an additional NiYb peak appears near 36◦ which can indicate additional NiYb
formation or grain growth of the original NiYb grains. However, no additional Ni/Yb com-
pounds are detected as the next phase that forms at 380 ◦C with peaks near 30◦ (002), 31◦
(102) and 36◦ (211) can be identified as Y b5Si3. The film readily oxidizes around 500
◦C as
is evident from the appearance of Y b2O3(222), (400) and (332) diffraction peaks at 29
◦, 34◦
and 40◦. However, even after part of the film is oxidized, formation of NiSi and Y bNi2Si2 is
still detected based on the appearance of their (very weak) diffraction peaks.
5.3.4 Interpretation of our experimental results
Ni/Yb/Si phase sequence The combination of in situ XRD and ex situ RBS measure-
ments allowed us to identify the phase formation in thin film Ni/Yb alloy and bilayer samples
on Si(100). A schematic overview of the results is given in figure 5.12 for samples with an
Yb concentration of 20 at%. For the interlayer (IL) and the alloy samples (AL), the position
and relative thickness of the various phases in this figure were determined by fitting the RBS
data (figure 5.9) with RUMP simulations [66]. For the capping layer samples (CL), no RBS
data was available and thus the position of the different phases observed in figure 5.7 was
estimated based on well known phase growth mechanisms (section 2.3). Independent of the
initial structure of the sample, NiSi forms at the substrate interface below an Y bNi2Si2 film.
However, the sample structure has a large influence on the temperature range in which this
phase is stable as its formation temperature varies from 450 ◦C (CL) to 590 ◦C (IL) while
NiSi2 formation always starts at 810
◦C.
Based on the XRD results in figures 5.10 and 5.11, slight variations to this phase sequence
are expected for other Yb concentrations. In particular, Ni silicide formation is enhanced for
lower Yb concentrations while Ni-Yb compounds form readily in Yb rich samples. However,
when the Yb concentration reaches values in excess of 50 at%, the valency of the Yb atoms
in alloy samples is reported to change from trivalent to divalent [153]. This change in valency
then dominates the phase formation as the trivalent nature of the Yb atoms causes phase
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Figure 5.12: Overview of the phase formation sequence detected for samples with 20 at% of Yb.
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separation of the as-deposited film into an Yb/NiYb mixture and prevents further Ni-Yb
compound formation. As a result, the first detected phase in Ni-Yb alloys with Yb concen-
trations higher than 50 at% is Y b5Si3 which contains both divalent and trivalent Yb atoms
[139, 154, 155].
There is a good correspondence between the results of our alloy samples and those reported
by Luo et al. [147] who studied the phase formation of 22 nm thick Ni/Yb alloy systems with
Yb concentrations of up to 30%. Using ex situ XRD measurements on samples quenched at
350 ◦C, 500 ◦C and 750 ◦C, they detected the sequential formation of Ni2Si and NiSi with
the Ni2Si phase disappearing at higher Yb concentrations. In addition, they observed an
additional phase at 500 ◦C for Yb concentrations ≥ 10% with a sole diffraction peak near
37◦(CuKα) which they attributed to Y b5Si3 formation at the sample surface. However, in
our experiments, the combination of in situ XRD and ex situ RBS allowed us to identify the
phase which grows simultaneously with NiSi as the ternary Y bNi2Si2 phase of which the (112)
peak lies near 37◦ when using CuKα radiation. The collection of a XRD pattern every 1.5 ◦C
enabled us to link the disappearance of the Ni2Si phase to preferential Ni-Yb compound
formation at higher Yb concentrations and established that, contrary to the findings of Luo
et al. [147], Yb addition increases the NiSi formation temperature.
Modelling of the initial phase formation The results can be interpreted using the model
for phase formation in ternary systems that was proposed by Thompson et al. [58] (section
2.4.2). To apply the model to the Ni/Yb/Si system, some basic information about the three
binary (Ni/Si, Ni/Yb and Yb/Si) systems is required such as the formation temperatures of
the initial phases and the dominant diffusing species (DDS). The initial phases of the binary
systems were identified during the description of these systems in section 5.2. For the Ni/Si
system (section 5.2.1), the first detected phase is a Ni-rich phase with a formation temperature
of about 300 ◦C followed by the formation of Ni2Si at 310
◦C. For Yb/Si (section 5.2.2), the
growth of the Y b5Si3 phase is observed first near 370
◦C while in the Ni/Yb system (section
5.2.3), the initial phase depends on the structure of the film and the relative concentration of
both elements. For layered structures containing 20 at% Yb, NiYb formation is detected first
near 300 ◦C while in Ni-Yb alloys Ni5Y b forms first at 500
◦C. For most Yb concentrations
(figure 5.10), the initial phases in the Ni/Yb/Si system could be identified as either Ni-Yb
or Ni-Si compounds depending on the sample structure. This suggests that Ni is the DDS in
the ternary system which is consistent with the fact that the DDS during Ni and Yb silicide
formation are respectively Ni [152, 36] and Si [78, 156].
Based on this information, it is difficult to predict the initial phase of the ternary layered
structures as the formation temperatures of respectively the Ni-rich phases (Ni/Si system)
and NiYb (Ni/Yb system) are both near 300 ◦C. This suggests that when both reactions are
unimpeded, the formation of both phases will start simultaneously and a mixture of Ni-Yb
and Ni-Si compounds will be found. This corresponds well with the results detected for the Yb
capping layer sample (figure 5.7, CL) as the intermediate Ni film separates the initial phase
formation at its Ni/Si and Ni/Yb interface. However, for the interlayer sample, the Ni and Yb
layers are in direct contact while Ni and Si are separated by an Yb diffusion barrier. In this
case, Ni-Yb compound (NiYb) formation is expected first. Except for very thin Yb interlayer
films (< 5 at%) in which the limited Yb film thickness does not allow for thorough separation
of Ni/Si and Ni/Yb formation and in which the lack of material makes the detection of Ni-Yb
compounds very difficult, the initial phase in all interlayer measurements was indeed identified
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as NiYb. As a result, a good agreement between the initial phase predicted by the model and
our experimental results was found for the bilayer structures.
For the Ni-Yb alloys, Ni-rich silicide formation is expected first as the formation tempera-
ture of these Ni-rich phases (300 ◦C) are much lower than those of the corresponding phases of
the Yb/Si (Y b5Si3, 370
◦C) and Ni/Yb (Ni5Y b, 500
◦C) systems. This is verified experimen-
tally for Yb concentrations up to 15 at%. However, for Yb concentrations between 20 and 40
at%, the preferential growth of Ni2Y b was detected while at even higher concentrations (> 50
at%), NiYb was present at room temperature and the initial phase was identified as Y b5Si3.
These results indicate that care should be taken when applying Settons model as accurate
predictions concerning the ternary system are only possible if the properties of the binary
systems are known under comparable conditions (such as the same relative concentration of
the elements). Similar observations were reported by Setton et al. [59] in their study of the
Co/Ti/Si system.
Ternary phase formation After the formation of the initial compounds, a ternary Y bNi2Si2
phase [157, 158] is detected in all measurements. Although ternary phase formation is rare
in thin film systems, the formation of a ternary phase in this system can be explained by
the large difference in atomic size between Yb and both Ni and Si. The Y bNi2Si2 phase
always appears together with a coexisting Ni2Si, NiSi or NiSi2 phase. The formation of
these silicides at the Si interface provides an additional indication that Ni is the DDS in the
ternary system. The ternary phase appears to be unstable at higher temperatures. Whether
this is an effect of the indiffusion of oxygen in the film or simply caused by the elevated tem-
peratures could not be derived from our measurements. The observation of Y bNi2Si2 in the
phase sequence is consistent with the results of Lee et al.[148] as they reported an unidentified
ternary NixSiyY bz phase at the sample surface after annealing an Yb interlayer structure at
700 ◦C for 30 seconds.
Yb distribution Based on the RBS analysis (figures 5.9 and 5.12), the formation of NiSi at
the substrate interface causes the majority of the Yb atoms to shift toward the sample surface
independent of the initial sample structure. However, due to the limited atomic resolution
of RBS measurements, this does not exclude the presence of Yb atoms at this interface as
was proved by Chen et al. [149] in their study of 90 nm thick Ni/Yb alloys on poly-Si.
Using RBS analysis, they detected the diffusion of Yb atoms toward the sample surface and
the corresponding absence of Yb atoms at the substrate interface after a 1 minute anneal
at 400 ◦C. However, with the use of Secondary Ion Mass Spectrometry (SIMS), they were
able to detect Yb pile-up at the Ni-silicide/substrate interface with a concentration below the
detection limit of their RBS measurements (< 1 at%). Based on their results, it is possible
that although in our experiments the majority of the Yb atoms end up near the sample
surface, sufficient Yb atoms are left at the Ni-silicide/Si interface after the heat treatment to
influence the electrical characteristics of the silicide film [147, 148, 151, 159].
5.4 Conclusion
In this chapter, the phase formation of Ni/Yb alloy and bilayer structures on Si(100) sub-
strates is studied in detail using in situ XRD and ex situ RBS measurements.
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For the Yb interlayer samples, the phase sequence starts with Ni-Yb compound formation
(NiYb/Ni2Y b) followed by the formation of a ternary Y bNi2Si2 phase when the Si atoms
become mobile. After the formation of the ternary phase, excess Ni diffuses toward the Si
substrate interface and forms NiSi. The NiSi formation consumes the Ni top layer which shifts
the ternary phase to the sample surface where it readily oxidizes at higher temperatures. The
oxidized ternary phase acts as a capping layer for the NiSi film which transforms into NiSi2
around 810 ◦C.
For Yb capping layer structures, Ni-Yb compounds (NiYb/Ni2Y b) and Ni-rich silicides
are detected simultaneously at low temperatures due to the reaction of the mobile Ni atoms
at both the Yb/Ni and the Ni/Si interface. This results in the formation of a Ni2Y b capping
film on top of a NiSi film at 500 ◦C. When the Si atoms become mobile, the Ni2Y b film
transforms into Y bNi2Si2 which in turn decomposes into various Y bSiOx at 790
◦C. The
oxidation of this phase protects the underlying Ni/Si reaction and the transformation of NiSi
into NiSi2 is detected near 810
◦C.
For the Ni-Yb alloys, the initial phases were identified as either metal rich Ni silicides
for low Yb concentrations, Ni2Y b for higher Yb concentrations lower than 50 % and Y b5Si3
for Yb concentrations in excess of 50%. NiYb formation was only detected at the highest
Yb concentrations (≥ 50 %). A ternary Y bNi2Si2 phase formed when the Si atoms became
mobile and the subsequent phase formation was identical to that of the interlayer and capping
layer samples.
Independent of the initial structure of the sample, the formation of the NiSi phase started
at the substrate interface. The Yb atoms segregated out of this growing phase which resulted
in a shift of the Yb atoms toward the sample surface. No Yb atoms were detected at the
Ni-silicide/Si interface after the heat treatment which implies that the Yb concentration at
this interface is below the RBS detection limit.
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Chapter 6
The Ir/Si and Ni/Ir/Si systems
In the previous chapters, the silicidation of RE metals and their influence on the Ni/Si system
was studied in an attempt to find interesting candidates for contact materials on n-type
devices. This was motivated by the good electrical properties of RE-silicides on n-type Si.
On p-type Si, Ir-silicides displays similar electrical properties (low Schottky barrier height,
low resistivity) and would consequently make interesting contact materials on p-type devices.
Therefore, in this chapter, the solid state reactions of the binary Ir/Si and the ternary Ni/Ir/Si
systems were characterized using a combination of in situ X-Ray Diffraction (XRD), in situ
sheet resistance and laser light scattering measurements. For the Ir/Si system, the thin
film reaction between a 30 nm Ir film and different Si substrates (p-type Si(100), n- and p-
type Si(111), Silicon On Insulator (SOI) and polycrystalline Si (poly-Si)) was studied. This
allows us to study the influence of dopants and substrate orientation on the observed phase
sequence. The results were verified using ex situ Rutherford Backscattering Spectroscopy,
Scanning Electron Microscopy (SEM) and 4-point probe measurements on quenched samples
and the apparent activation energy of the corresponding solid state reactions was determined
using a Kissinger analysis on XRD ramp anneals with different ramp rates. For the Ni/Ir/Si
system, 10 nm Ni/Ir alloys were deposited on SOI and poly-Si with Ir concentrations between
1 and 25 volumetric % (0.7 - 20.5 atomic %). In addition to phase identification with in situ
XRD, the resistivity and morphology of the resulting silicide film was verified with 4-point
probe and SEM measurements while the Ir distribution throughout the film was determined
using ex situ XPS depth profiling.
6.1 The Ir/Si system
6.1.1 Introduction
The continued downscaling in complementary-metal-oxide-semiconductor (CMOS) technol-
ogy leads to an increasing influence of Source/Drain series resistances on transistor perfor-
mance. In order to address some of the challenges this creates for contact materials, one
alternative is to use silicide contacts that display a very low Schottky barrier to electrons or
holes depending on the dopant of the Si substrate. Iridium silicides are interesting contact
materials for p-type Si substrates as they display the lowest barrier to holes reported in liter-
ature (table 6.1). The low Schottky barrier height of Ir-silicides also makes them interesting
materials for optical applications such as infrared detectors where they can be considered as
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possible replacements for the currently used PtSi/poly-Si diodes. PtSi has a Schottky barrier
height of about 0.22 - 0.30 eV on p-type Si dependent on the orientation of the substrate
[160]. This leads to a cutoff wavelength of about 5.4µm in photoemission which limits the
sensitivity in the medium-wavelength infrared (3 - 5µm) atmospheric window (MWIR). The
smaller Schottky barriers of the Ir-silicides correspond to a larger cutoff wavelength which
increases the sensitivity of the detectors in the MWIR [161].
Substrate Ir IrSi Ir3Si4 Ir3Si5 IrSi3 Ref.
n-type Si(100) 0.87 - 0.93 0.85 - 0.94 0.86 - 0.90 > 0.92 [4, 5]
n-type Si(111) 0.88 - 0.91 0.85 - 0.92 0.81 - 0.86 0.86 - 0.91 [4, 5]
p-type Si(100) 0.157 0.177 [162]
Table 6.1: Overview of the reported Schottky barrier heights in eV for the different Ir-silicides.
However, the use of the Ir-silicides in these applications requires foremost a thorough
understanding of the Ir/Si solid state reactions on the various Si substrates. The Ir/Si phase
diagram is shown in figure 6.1. Only the Si rich part (b) of this diagram is generally accepted
[163]. The Ir rich part (a) was reported by Sha et al. [164] based on XRD, SEM and EPMA
analysis.
(A) (B)
Figure 6.1: Phase diagram of the Ir/Si binary system divided in the Ir rich (A) [164] and Si rich part
(B) [163]. Note that a different temperature scale has been used in each part.
From the phase diagram, the existence of 8 Ir/Si compounds can be derived for bulk
material: Ir3Si, Ir2Si, Ir3Si2, IrSi, Ir2Si3, Ir3Si4, Ir3Si5 and IrSi3. Only 3 of these
phases have been observed during the heat treatment of a thin Ir film on Si(100) and Si(111):
IrSi, IrSix and IrSi3 [165, 166, 167, 168, 169]. The exact stoichiometry of the IrSix is
still subject to debate with x = 1.60 - 1.75 but it is most often identified as monoclinic
Ir3Si5 [170]. As is typically observed with sputtered metals on Si substrates, the metal-Si
intermixing already started by the energetic deposition process in these experiments as a
very thin film of amorphous IrSi (< 4 nm) is detected at the Ir/Si interface after deposition
[171]. The presence of such a thin amorphous layer between 2 crystalline phases is a common
phenomenon in thin film reactions and can be attributed first to the high energy Ir atoms
produced for the deposition but also to a solid state amorphization process which is driven by
a negative enthalpy of mixing between Ir and Si [172, 173, 56]. In addition, the formation of
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epitaxially grown Ir3Si4 was detected in experiments where Ir is deposited on heated Si(100)
substrates (around 400 ◦C) under high vacuum conditions.
In this section, the silicides formed during the solid state reaction between a thin (30
nm) Ir film and different Si substrates were identified using a combination of in situ X-Ray
Diffraction (XRD), in situ sheet resistance and laser light scattering (LLS) measurements.
The stoichiometry of the silicides was verified using ex situ Rutherford Backscattering Spec-
troscopy (RBS) measurements and the surface roughness of the samples was monitored using
a combination of LLS and Scanning Electron Microscopy (SEM) images. In addition, the
formation kinetics were studied using a Kissinger analysis on ramp anneals with various fixed
ramp rates.
6.1.2 Sample preparation
The substrates used in this chapter consist of HF-cleaned p-type (B-doped) Si(100), p- and
n-type (P-doped) Si(111), (100)-oriented Silicon On Insulator (SOI) and polycrystalline Si
(poly-Si). The doped substrates all had a resistivity in the 1-15 Ω cm range. A 30 nm Ir film
was deposited on top of the substrates immediately followed by the deposition of a thin (5
nm) Si cap in order to prevent oxidation.
6.1.3 Phase formation in the Ir/Si system
Phase formation on SOI The solid state reaction of the thin film Ir/Si system was iden-
tified through the combined use of in situ XRD, sheet resistance and LLS measurements
performed at the in situ XRD setup at Brookhaven. Typical in situ results are shown in
figure 6.2 for the case of a 30 nm Ir film on (100)-oriented SOI using 3 ◦C/s ramp anneals.
In figure 6.2(a), the measured sheet resistance and LLS signals are shown as a function of
temperature. The corresponding XRD patterns are displayed in figure 6.2(b - d) with the use
of a logarithmic gray scale. As a single XRD measurement is limited to 14◦ in 2θ, multiple
measurements are combined in order to view all the relevant XRD peaks.
The diffraction peak around 48◦ which is present at the start of the measurement can
be identified as the Ir(111) peak. At 410 ◦C, a broad diffraction peak appears around 36◦
which indicates the growth of a crystalline IrxSiy phase. The identification of this phase is
not straightforward as the sole diffraction peak can be linked to a variety of possible phases:
Ir2Si(111), hexagonal-IrSi(101) or orthorhombic IrSi(011). However, the combination of the
low intensity of the peak and its broad semi-amorphous nature suggests that this peak is
rather caused by the crystallization of a small interlayer than by a silicidation process in
which the entire Ir film is involved. This is supported by the fact that the formation of this
phase has no effect on the intensity of the Ir(111) peak which remains stable up to 660 ◦C.
(figure 6.3, a and d).
At this temperature, the entire Ir film is transformed into the orthorhombic IrSi phase,
as indicated by the appearance of its (101), (002), (011), (112), (202), (211), (103) and (013)
diffraction peaks around respectively 25, 34, 36, 51, 52, 54, 55 and 62◦ 2θ. Near 705 ◦C, the
IrSi peaks disappear and the formation of two different phases can be detected: the Ir3Si4
phase from its (401), (511) and (611) diffraction peaks at 28, 43 and 47◦ and the Ir3Si5
phase from its (120), (032), (102), (112), (140), (211), (143), (232), (054) and (320) peaks
near 23, 30, 32, 33, 34, 43, 52, 55, 56 and 59◦. Based on the in situ XRD data, the two
phases grow simultaneously up to 720 ◦C at which point the IrSi film is completely consumed.
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Figure 6.2: In situ XRD, LLS and sheet resistance results obtained for a 30 nm Ir film on SOI using
3 ◦C/s ramp anneals.
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Figure 6.3: Integrated XRD intensity for 4 different 2θ ranges: 47◦ - 48◦ (a), 42◦ - 43◦ (b), 41◦ - 42◦
(c), 35◦ - 36◦ (d) detected during a 3 ◦C/s ramp anneal of a 30 nm Ir film on SOI.
As a result, the Ir3Si4 phase becomes the seeding layer for the growth of the Ir3Si5 phase.
A final transformation into IrSi3 starts around 1080
◦C, as evidenced by the appearance
of diffraction peaks around 27, 32, 42, 49, 56 and 59◦ (respectively from the IrSi3 (100),
(101), (102), (110), (103) and (201) peaks). On the SOI substrate, this transformation is not
complete as diffraction peaks of Ir3Si5 can be detected up to 1200
◦C with a lower intensity.
This behavior is expected as the complete transformation of a 30 nm Ir film into IrSi3 requires
about 143 nm of Si and only 100 nm of Si is available.
Influence of different substrates Similar in situ XRD measurements were performed for
a 30 nm Ir film on p-type Si(100), n- and p-type Si(111) and poly-Si using the in situ setup at
Ghent University (figure 6.4). No significant difference between the XRD patterns on the dif-
ferent substrates was visible which may indicate that the phase sequence is independent of the
substrate orientation or dopant type. The only exception is the lower formation temperature
of the IrSi3 phase on poly-Si which already starts around 1050
◦C.
For the poly-Si substrate, an additional Ir diffraction peak was visible at room tempera-
ture around 47◦ (Ir(200)). The absence of this peak on the other substrates might indicate
the presence of texture effects in the as-deposited Ir film. To verify this assumption, the
orientation of the (111) planes in the as-deposited film was determined on Si(100), Si(111)
and poly-Si substrates using XRD pole figure measurements (figure 6.5). The appearance
of the large central peak establishes the out of plane orientation of the Ir (111) planes on
both Si(100) and Si(111). No additional texture effects were detected which suggests that the
deposited Ir film displays a < 111 > fiber texture on both substrates. On poly-Si, a more
random grain orientation is found with some low quality preferential orientation evidenced
by the broader and smaller central peak in the pole figure measurement.
98 CHAPTER 6. THE IR/SI AND NI/IR/SI SYSTEMS





Figure 6.4: Comparison between the in situ XRD results of the reaction of a 30 nm Ir film with
different Ir substrates during a 1 ◦C/s ramp anneal.
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Figure 6.5: Ir(111) polefigures for a 30 nm Ir film on Si(100), Si(111) and poly-Si substrates (a-c).
For better comparison of the relative intensities in these figures, a χ scan on all studied
substrates is shown in (d).
Identification of the Ir-silicides In order to accurately identify the different silicides, ex
situ XRD measurements were performed on samples quenched at RT, 410 ◦C, 600 ◦C, 700 ◦C,
720 ◦C, 950 ◦C and 1100 ◦C. In addition, the stoichiometry of the silicides was verified from
ex situ RBS measurements on the same samples through the use of RUMP analysis [66]. The
results of both techniques are shown in figures 6.6 and 6.7.
In these figures, the presence of an Ir film at room temperature is easily identifiable from
its Ir(111) XRD peak around 40◦ and the Ir backscattering peak around 1400 keV. At 410 ◦C,
an additional phase appears in the XRD spectrum (IrxSiy). However, the presence of this
phase could not be verified using RBS as the RBS signal could be fitted using a pure Ir film
up to 600 ◦C. At this temperature, a very thin Ir-silicide phase appeared at the Ir/Si(100)
interface. Unfortunately, the thickness of this phase was too small to accurately determine
its stoichiometry. At 700 ◦C, the entire film was identified as IrSi while at 720 ◦C, the XRD
spectrum showed diffraction peaks of 3 different silicides (IrSi, Ir3Si4 and Ir3Si5). Unfor-
tunately, the RBS result did not support the simultaneous appearance of these silicides but
indicated that the entire film transformed into a homogeneously distributed IrSix compound
with x ≈ 1.7 at this temperature. The compound was still present at 950 ◦C but its com-
position varied between x ≈ 1.7 − 1.8 with the Si rich part nearest to the Ir-silicide/Si(100)
interface. This compositional change might be caused by a rough Ir3Si5/Si(100) interface or
by the diffusion of Si atoms into the Ir3Si5 film. Finally, the phase present in the sample
quenched at 1150 ◦C was identified as IrSi3.
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Figure 6.6: Ex situ XRD and RBS results of a 30 nm Ir film on Si(100) quenched at RT, 410 ◦C,
600 ◦C, 700 ◦C and 720 ◦C during a 3 ◦C/s ramp anneal. The RBS measurements (dots)
were fitted using a RUMP simulation code (solid line) in order to determine the compo-
sitional depth profile which is indicated at each temperature.
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Figure 6.7: Ex situ XRD and RBS results of a 30 nm Ir film on Si(100) quenched at 950 ◦C and
1100 ◦C during a 3 ◦C/s ramp anneal. The RBS measurements (dots) were fitted using a
RUMP simulation code (solid line) in order to determine the compositional depth profile
which is indicated at each temperature.
6.1.4 The resistivity of Ir-silicides
The evolution of the sheet resistance as a function of temperature was followed in realtime
for the SOI and poly-Si substrates. For the other substrates, the substrate dominated the
sheet resistance measurement at high temperatures due to its semiconducting nature. As
can be seen in figure 6.8, the sheet resistance is unaffected by the formation of the IrxSiy
phase and increases gradually during the formation of the IrSi phase. The sheet resistance
of the subsequent silicides could not be determined using the in situ tool as the Ir3Si4
formation increased the sheet resistance of the samples beyond the detection range of the in
situ technique.
Figure 6.8: Sheet resistance measurements for a 30 nm Ir film on poly-Si and SOI during a 3 ◦C/s
ramp anneal.
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However, the sheet resistance of all silicides was determined using ex situ 4-point probe
measurements on quenched samples (table 6.2). These results allowed us to determine the
resistivity of Ir, IrSi, Ir3Si5 and IrSi3 by assuming that the Ir film is completely transformed
into the dominant silicide phase.
Ir IrxSiy IrSi Ir3Si4 Ir3Si5 IrSi3
Tquench RT 500 670 720 950 1150
Sheet Res. (Ω/ ) 6.5 6.6 30.5 158 294 33
Layer Th. (nm) 30 59 82 154
Resistivity (µΩ cm) 20 180 2400 510
Table 6.2: Measured sheet resistance and resistivity values for the different silicides formed during
the solid state reaction between a 30 nm Ir film and Si(100).
6.1.5 Sample surface roughness of the Ir-silicides
Information about the surface roughness was obtained from the LLS signal in figure 6.2(a).
Based on this signal, formation of the IrSi/Ir3Si4/Ir3Si5 phases cause a small increase in the
surface roughness while the IrSi3 formation induces severe roughening of the film. To verify
these results, top view SEM images were taken for samples quenched at RT, 600 ◦C, 700 ◦C,
720 ◦C, 950 ◦C and 1100 ◦C (figure 6.9). These images support the LLS measurements as a
smooth sample surface was detected up to the formation temperature of the IrSi phase. The
subsequent silicide formation did not significantly change the surface morphology with the
exception of the IrSi3 formation which induced severe agglomeration and pinhole formation.





1150°C IrSi3950°C Ir Si3 5
Figure 6.9: Top view SEM images of 30 nm Ir/Si(100) samples quenched at 30 nm Ir/Si(100) samples
quenched at RT, 600 ◦C, 700 ◦C, 720 ◦C, 950 ◦C and 1100 ◦C.
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6.1.6 Kinetics of the Ir/Si phase formation
The kinetics of the solid state reactions were studied using a Kissinger analysis, as discribed
in section 3.2.2, on ramp anneals with different fixed ramp rates (0.3, 1, 3, 9 and 27 ◦C/s).




) = − Ea
kbTf
(6.1)
the Ea of the silicidation processes were determined in a time efficient way by plotting
ln[(dT/dt)/T 2f ] as a function of 1/kbTf (figure 6.10) [71]. In these equations, Tf stands
for temperature of formation, which is taken as the temperature at which the rate of increase
of the corresponding XRD peak intensity is maximal.


























Figure 6.10: Kissinger plot of the silicide phases observed during the solid state reaction between 30
nm Ir and Si(100) using ramp anneals at 0.3, 1, 3, 9 and 27 ◦C/s.
The formation temperature of the IrSi3 phase was too high to accurately determine its
formation kinetics. For the other phases, the Ea are presented in table 6.3 and compared to
reported values from literature. Our values are significantly larger than those reported by
Petersson et al. [165] and slightly higher than those of Larrieu et al. [168]. This behavior
could be related to the difference in silicide thickness between our respective experiments
(respectively 30, 200 and 3 nm) as the thickness of the film introduces a modification in the
observed kinetics and possibly even enables or disables the simultaneous growth of the silicide
phases [167, 174].
6.1.7 Interpretation of our experimental results
Based on the in situ XRD results from figures 6.2 and 6.4, 5 different Ir-silicides were identified
during the solid state reaction in the thin film Ir/Si system: IrxSiy, IrSi, Ir3Si4, Ir3Si5 and
IrSi3. Two of these (IrxSiy and Ir3Si4) were not previously observed in the phase sequence
[165, 166, 167]. Besides the preferred out of plane orientation of the Ir (111) planes in the
as-deposited film (figure 6.5), no obvious texture effects were detected in the XRD patterns
on the different substrates (figure 6.4) which suggests a randomly oriented polycrystalline
microstructure for all silicide films.
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Ir- Ea Error Error Error Petersson Larrieu
silicides Thermocouple Fitting Total et al. [165] et al. [168]
(eV) (eV) (eV) (eV) (eV) (eV)
IrxSiy 2.3 0.2 0.09 0.2
IrSi 2.8 0.2 0.14 0.2 1.9 2.48
Ir3Si4 5.0 0.5 0.29 0.5
Ir3Si5 3.5 0.2 0.30 0.3 2.1
Table 6.3: The activation energies for the crystallization of IrxSiy and the formation of IrSi, Ir3Si4
and Ir3Si5 as determined by a Kissinger analysis on ramp anneals with fixed heating
rates of 0.3, 1, 3, 9 and 27 ◦C/s.
Formation of IrxSiy The identification of the IrxSiy phase is difficult as only a single XRD
peak was found near 36◦ (figure 6.2) and its thickness was too thin for accurate RBS analysis
(figure 6.6). In combination with the limited influence of the formation of this phase on the
resistivity of the sample (table 6.2) and the morphology of its surface (figure 6.9), this suggests
that the appearance of the IrxSiy diffraction peak is most likely caused by the crystallization
of a thin amorphous interlayer at the Ir/Si interface with a thickness below the resolution
of the RBS measurements (< 5 nm). The presence of such an interlayer was determined by
Demuth et al. [172] with the use of TEM images (figure 6.11,a). They reported the formation
of a 2 nm thick amorphous IrSi interlayer after deposition of Ir on a Si(100) substrate and
attributed it to a negative enthalpy of mixing between Ir and Si of about −19 kJ/mol (figure
6.11,b). The subsequent crystallization of this phase during isothermal anneals at 500 ◦C was
reported by Wo¨rle et al. [171] for Ir films with a total thickness of more than 8 nm.
(A) (B)
Figure 6.11: TEM images showing the presence of a thin amorphous IrSi layer in an as deposited Ir
film (A) and Gibbs free energy versus composition diagram (B) in the Ir-Si sytem at
500 ◦C in which the dashed line represents a mixture of Ir and Si and the solid line an
amorphous IrSi phase with the same concentration [172].
Based on their findings, it seems likely to link the IrxSiy phase observed in our experiments
to the crystallization of a thin amorphous film. The exact composition of this film could not
be determined as its thickness was below the detection limit of the RBS measurements.
However, Demuth et al. [172] and Wo¨rle et al. [171] identified the phase as IrSi of which
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the most intense diffraction peak (IrSi-orth(011)/IrSi-hex(101)) corresponds well with the
detected XRD peak. The IrxSiy phase was detected on all Si substrates which can explain
why a fiber texture along the < 111 > orientation was found in the as-deposited Ir films
on all substrates (figure 6.4). As the presence of the amorphous IrxSiy interlayer eliminates
possible texture effects of the Si substrates, the growth of the Ir film during deposition is
expected to be driven by a minimization of its surface energy. In a face centered cubic (FCC)
structure, this corresponds to the placement of the (111) planes parallel to the interface as
these planes display the lowest surface energy [175, 141, 176]. The crystallization temperature
of the IrxSiy phase was independent of the substrate orientation. This independence might
indicate that the crystallization process occurs through homogeneous nucleation inside the
amorphous phase which results in the formation of a polycrystalline IrSi film between the
unreacted Ir and the Si substrate.
Formation of Ir3Si4 The Ir3Si4 phase was only observed in literature during experiments
in which deposition of the Ir atoms occurred on heated substrates in high-vacuum [162, 177].
These conditions induced the epitaxial growth of the Ir3Si4 phase on Si(100) substrates
[178]. However, in our measurements, the Ir3Si4 phase grows simultaneously with the Ir3Si5
phase during a ramp anneal of an Ir film which was deposited at room temperature (figure
6.2). The phase did not appear to have a preferred orientation and only appeared in a small
temperature window around 700 ◦C after which it was consumed by the growing Ir3Si5 phase.
Unfortunately, the Ir3Si4 phase could not be distinguished from the Ir3Si5 phase in the RBS
measurement taken on the sample quenched at 720 ◦C as only a homogeneous IrSix (x ≈ 1.7)
was detected (figure 6.7). Together with the small diffraction peaks, this might indicate that
only a very thin Ir3Si4 film forms at the IrSi/Ir3Si5 interface which is immediately consumed
after the disappearance of the IrSi phase.
Kinetics The kinetics of the formation of IrSi, Ir3Si4 and Ir3Si5 were studied using a
Kissinger analysis. The formation of these silicides was reported as diffusion limited with Si
being the dominant diffusing species [165]. This was verified by the good correlation between
our values of respectively 2.8 ± 0.2 and 3.5 ± 0.3 eV for IrSi and Ir3Si5 formation and
reported values for Si diffusion in both phases (respectively 2.9 and 4 eV) [179]. However, our
values for the apparent Ea did not correspond well with earlier reported values in literature
(table 6.3). This can be related to the difference in silicide thickness and heating methods
between the respective measurements as both can alter the phase sequence and the formation
mechanisms of the Ir-silicides.
Conclusion From a practical perspective, IrSi and IrSi3 are the two most interesting Ir-
silicides as they couple the characteristic low Schottky barrier height of the Ir-silicides (table
6.1) with a low resistivity value (table 6.2). However, IrSi is only stable in a very limited
temperature range (about 100 ◦C) while the temperatures needed for IrSi3 formation are too
high for current production processes. Together with the difficult etching of Ir [180, 181],
the implementation of pure Ir-silicides in future devices does not seem likely. However, the
addition of a small Ir concentration at a silicide/Si interface may be sufficient to influence the
Schottky barrier height and simultaneously eliminates the Ir etching problem. As a result, Ir
could be an interesting alloying element for the Ni/Si system.
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6.2 The Ni/Ir/Si system
6.2.1 Introduction
NiSi is currently one of the most used contact materials on complementary metal-oxide semi-
conductor (CMOS) integrated circuits because of its low resistivity, low temperature of for-
mation and good stability [7]. In addition, small concentrations of alloying elements (Pt, Yb)
often positively influence these properties [90, 146, 182]. Because of the low Schottky barrier
of Ir-silicides on p-type Si (table 6.1), Ir is considered an interesting alloying element for
NiSi in both contact and fully silicided gates (FUSI) applications where its extreme Schottky
barrier can be used for band gap modulation on p-type substrates. The first step to the un-
derstanding of the improved characteristics is the identification of the different phases which
form during the solid state reaction in the Ni/Ir/Si system.
As discussed in section 2.4.2, the ternary Ni/Ir/Si system can be considered as a combina-
tion of 3 binary systems: Ni/Si, Ir/Si and Ni/Ir. The Ir/Si system was studied in section 6.1
in which the subsequent formation of 4 different Ir-silicides (IrSi, Ir3Si4, Ir3Si5 and IrSi3)
was detected. The Ni/Si system has been studied thoroughly and the phase sequence consists
of the formation of Ni-rich silicides, Ni2Si, NiSi and NiSi2 (section 5.2.1). As can be seen
from the phase diagram in figure 6.12, Ni/Ir mixtures create a continuous series of solid state
solutions as no Ni/Ir compounds were identified. In addition, no information is available
concerning the existence of ternary Ni/Ir/Si compounds.
Figure 6.12: Ni/Ir phase diagram [99].
In this section, the influence of Ir addition of up to 25% on the NiSi phase formation
was studied using in situ XRD, LLS and sheet resistance measurements. The LLS results
were verified for the 20% Ni/Ir alloy using top-view SEM images on quenched samples. The
position of the Ir atoms after the heat treatment was also determined for the 5, 15 and 25 %
alloys using ex situ XPS depth profiling.
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6.2.2 Sample preparation
Different Ni/Ir alloy films were codeposited on poly-Si and 100-oriented SOI substrates. The
total film thickness of the Ni/Ir alloy was always taken as 10 nm. The Ir concentration was
varied between 1 and 25 volumetric % (table 6.4). No capping layer was deposited on these
samples.
Vol. % Ir At. % Ir Ni Thickness Ir thickness
(nm) (nm)
1 0.7 9.9 0.1
3 2.4 9.7 0.3
5 3.9 9.5 0.5
10 7.9 9 1
15 12 8.5 1.5
20 16.3 8 2
25 20.5 7.5 2.5
Table 6.4: Overview of the equivalent Ni and Ir thicknesses used for the different Ni/Ir alloys.
6.2.3 Phase formation in the Ni/Ir/Si system
The solid state reactions of 10 nm Ni/Ir alloys on poly-Si and SOI were studied using the in
situ XRD setup at Ghent University. In these experiments, a fixed heating rate of 3 ◦C/s was
used. The results are shown in figure 6.13.
On poly-Si substrates, the subsequent formation of Ni, Ni-rich silicides, NiSi and NiSi2
is observed for low Ir concentrations. Increasing the Ir concentration altered the formation
of the Ni-rich silicide phases as is evident from the disappearance of their XRD diffraction
peaks. At Ir concentrations ≥ 15 %, the NiSi phase is detected first with an initial formation
temperature that increases from 330 ◦C (15%) to 360 ◦C (25%). However, the formation of
this phase is not complete until after a second formation step (indicated by a dotted line in the
figure) of which the temperature increases with the Ir concentration. This two step formation
process is better visible in figure 6.14 in which the integrated intensity of the Ni(111) and
NiSi(011) peaks is plotted as a function of temperature for the 20 % Ni/Ir alloy. The addition
of 1 % Ir lowers the formation temperature of NiSi2 by about 100
◦C compared to the Ni
reference film and this temperature continuously decreases with increasing Ir concentration.
On SOI, the phase formation is similar to the one discussed in the previous paragraph
for poly-Si substrates. For low Ir concentrations (< 15%), only the diffraction peaks of the
Ni-rich phases are clearly visible and these diffraction peaks dissappear with increasing Ir
concentration. The absence of diffraction peaks of the NiSi and NiSi2 phases might be
related to textured growth of these phases on the 100-oriented SOI substrate. In particular,
the epitaxial growth of NiSi2 on Si(100) has already been extensively reported in literature
[183]. The appearance of NiSi and NiSi2 diffraction peaks at higher Ir concentrations is
consistent with this theory as alloying elements can significantly alter the texture of thin
films [90, 45]. For Ir concentrations ≥ 15 %, a two step formation process is found for the
NiSi phase with a first formation step in the 330 - 360 ◦C range and a second step of which the
temperature increases according to the Ir concentration. The NiSi2 formation temperatures
are much higher than those of the corresponding alloys on poly-Si. However, they are still
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Ni-Ir/Poly-Si Ni-Ir/SOI
Figure 6.13: In situ XRD results of 10 nm Ni/Ir alloys with different concentrations on poly-Si and
SOI substrates during 3 ◦C/s ramp anneals.























Figure 6.14: Integrated intensity of the Ni(111) (44◦) and NiSi(011) (31◦) peaks observed for the 20
% Ni/Ir alloy on poly-Si during a 3 ◦C/s ramp anneal.
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about 100 ◦C lower than the reported value of 850 ◦C for a 10 nm Ni film on a SOI substrate
[184].
6.2.4 Sheet resistance of the Ni/Ir alloys
The in situ XRD setup at Brookhaven was used to study the sheet resistance of the Ni/Ir
alloys. For 3 concentrations (5, 15 and 25%), the XRD results on poly-Si and SOI substrates
are shown in figure 6.15 together with their corresponding sheet resistance measurements.
For comparison, the sheet resistance of a 10 nm Ni reference film is also shown. On both
substrates, the Ir addition causes an increase in the sheet resistance detected at room tem-
perature.
Ni-Ir/poly-Si Ni-Ir/SOI
Figure 6.15: Overview of the in situ XRD and sheet resistance results for a 10 nm Ni/Ir film on
poly-Si and SOI substrates with respectively 5 %, 15% and 25% of Ir during a 3 ◦C/s
ramp anneal. For comparison, the sheet resistance results of a 10 nm Ni film on poly-Si
and SOI is also shown.
The XRD results confirm the phase sequence described in the previous section as the
subsequent formation of Ni, Ni-rich silicides, NiSi and NiSi2 is detected. This phase sequence
is also apparent from the sheet resistance measurements as discrete bumps at low temperature
(Ni-rich silicides) are followed by a low resistive phase with a large thermal stability (NiSi)
which finally transforms into another phase characterized by an even lower sheet resistance at
elevated temperatures (NiSi2). As NiSi is known to have a lower sheet resistance than NiSi2
at room temperature, the lower sheet resistance of the NiSi2 phase might seem unexpected.
However, this was also observed by Deduytsche et al. [184] who explained this behavior based
on the difference in temperature dependence of the resistivity of NiSi and NiSi2.
With increasing Ir concentration, the discrete bumps in the sheet resistance disappear
simultaneously with the diffraction peaks of the Ni-rich phases which indicates that the phase
formation in this region is severely altered by the Ir addition. However, for Ir concentrations
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below 15 %, this appears to have no effect on the formation temperature of the NiSi phase
as the low resistive NiSi phase is always detected around 330 ◦C by the steep decrease in
sheet resistance. For Ir concentrations ≥ 15 %, this formation temperature increases up to
360 ◦C according to Ir content and a second formation step is necessary to lower the sheet
resistance of the NiSi phase to its lowest value. Unlike the 10 nm Ni reference film for which
catastrophic degradation of the film occurred around 700 ◦C, no agglomeration of the Ni/Ir
alloy films was detected on SOI as the sheet resistance remained below 20 Ω/ up to 900 ◦C.
In contrast, degradation of the film still occurred on poly-Si, possibly due to Si intermixing
and inversion [185], but was delayed by about 200 ◦C as compared to the Ni reference sample
on poly-Si.
6.2.5 Sample surface roughness of the Ni/Ir alloys
Information about the roughness of the sample surface can be derived from in situ LLS
measurements which were performed simultaneously with the XRD measurements shown in
figure 6.13. The LLS signals were selected to provide information on roughness with a lateral
length scale of about 0.5 and 5µm. The results are shown in figure 6.16 for Ni/Ir alloys on
poly-Si and SOI substrates containing 0, 5, 10, 15, 20 and 25% Ir.
Figure 6.16: Overview of the LLS results with lateral length scales of 5µm (solid lines) and 0.5µm
(dashed lines) of different Ni/Ir alloys on respectively poly-Si and SOI obtained during
3 ◦C/s ramp anneals.
For the Ni reference film on poly-Si, an increase in surface roughness is detected around
700 ◦C based on the strong increase in intensity of the 0.5µm signal. The increased rough-
ness can be linked to agglomeration of the film based on the simultaneous increase in sheet
resistance observed in figure 6.15. In addition, the formation of NiSi2 around 800
◦C (figure
6.13) causes a small increase in the intensity of the 5µm signal (i.e. a small increase in sur-
face roughness) which remains constant until further roughening of the sample starts around
900 ◦C due to severe agglomeration of the silicide film. With increasing Ir concentration, the
roughness induced by the NiSi2 formation disappears and a sharp peak in the 5µm signal
appears at its formation temperature. This peak is an indication of the nucleation controlled
growth of the NiSi2 phase as it can be attributed to a large lateral non uniformity caused
by the simultaneous existence of NiSi and NiSi2. This causes a temporary roughness on the
studied length scale which disappears as the transformation reaches completion [91]. At high
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Ir concentrations (≥ 15 %), an increase in surface roughness is detected during the second
step in the NiSi formation process. This might be related to Ir segregation out of the growing
NiSi film.
For the Ni reference film on SOI, agglomeration of the film and NiSi2 formation increase
the surface roughness around respectively 700 ◦C and 850 ◦C. For low Ir concentrations (≤
10%), only the increase related to NiSi2 formation is preserved. This increase diminishes with
increasing Ir concentration resulting in the disappearance of this effect at Ir concentrations
in excess of 15 %. However, for all Ir concentrations, the nucleation controlled growth of
the NiSi2 phase is evidenced by a sharp peak in the 5µm signal at the NiSi2 formation
temperature. In contrast to the poly-Si substrates, no significant agglomeration of the film
was detected. In addition, the second step of the NiSi formation process did not induce
any roughening besides a small transitional peak in the 5µm signal around 500 ◦C for an Ir
concentration of 25%.
To support the LLS measurements, ex situ top view SEM images were taken from the
20% Ni/Ir sample on both substrates quenched at 400, 600 and 950 ◦C in addition to the
temperature at which the NiSi2 phase is growing (respectively 765
◦C and 675 ◦C for SOI
and poly-Si). The results are shown in figure 6.17.


















Figure 6.17: Top view SEM images of 10 nm Ni/Ir alloys in respectively SOI and poly-Si substrates,
quenched at different temperatures during a 3 ◦C/s ramp anneal.
On SOI, a smooth surface is detected up to 765 ◦C at which temperature light and dark
spots appear in the SEM image. No identification of these spots was possible but the contrast
suggests that the surface of the film consist of a mixture of two phases (NiSi and NiSi2) which
can explain the observed peak in the LLS measurements (figure 6.16). At 950 ◦C, limited
agglomeration of the silicide film is observed.
On poly-Si, the surface of the film at 400 ◦C is much rougher than that of the correspond-
ing sample on SOI. This initial roughness makes it difficult to detect additional roughness
effects as neither the roughening induced by the two-step NiSi formation nor the simultane-
ous appearance of NiSi and NiSi2 could be observed in the SEM images. At 950
◦C, severe
agglomeration of the film is detected.
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6.2.6 Ir distribution
XPS depth profiling was performed on Ni-Ir samples containing 5, 15 and 25% Ir on SOI and
poly-Si which were quenched during a 3 ◦C/s ramp anneal at respectively 600 ◦C (figure 6.18)
and 950 ◦C (figure 6.19). A thin oxide film was detected at the surface of all samples.
For the samples quenched at 600 ◦C (figure 6.18), the XPS results confirm the presence
of the NiSi phase as observed in the corresponding in situ XRD measurements (figure 6.13).
In addition, Ir pile-up is detected at the surface of all samples containing 15 and 25 % Ir
while the Ir signals of the 5 % samples are too small to draw conclusions regarding the Ir
distribution.
For the samples quenched at 900 ◦C (figure 6.19), the XPS results on poly-Si do not
correspond well with the XRD results of figure 6.13. This can be attributed to the severe
agglomeration of these films (figure 6.17) as the holes in the agglomerated film allow the
incident X-rays to react simultaneously with the agglomerated top layer and the underlaying
Si substrate. The XPS results confirm the layered growth of NiSi2 on the SOI substrate
and a good correlation is found between the Ni and Ir distributions for all of the studied Ir
concentrations.
6.2.7 Interpretation of our experimental results
Phase formation and phase sequence Based on the in situ XRD results in figure 6.13,
the phase sequence in the Ni/Ir/Si system consists of Ni-rich silicides, NiSi and NiSi2. No
Ir silicides were detected for any of the studied Ir concentrations. The appearance of Ni-rich
silicides as initial phases is expected based on the model of Setton et al. [57] (section 2.4.2)
as the formation temperatures of the Ni-rich silicides (about 300 ◦C, section 5.2.1) are much
lower than that of the initial phase in the Ir/Si system (IrSi at 660 ◦C, section 6.1.3). With
increasing Ir concentration, these silicides disappear or take on a different texture which is
a typical phenomenon caused by the addition of alloying elements to the Ni/Si system [90].
The Ir addition delays the NiSi formation to higher temperatures while the NiSi2 formation
temperature is significantly lowered.
Increased NiSi formation temperature The higher formation temperature of the NiSi
phase can be explained based on the XPS results of figure 6.18. In this figure, it is evident
that on both substrates most of the Ir atoms have segregated out of the growing NiSi film
and have been pushed toward the sample surface. This behavior is consistent with a low Ir
solubility in the NiSi phase and corresponds well with the findings of Nygren et al. [185] who
detected Ir accumulation at the sample surface after heating an Ir interlayer sample at 550 ◦C
for 1 hour. Although they worked with an Ir concentration of only 1 at%, Nygren et al. also
reported that some Ir atoms remained in the silicide layer which corresponds well with the
Ir trail that is observed in our XPS measurements. Because of the low Ir solubility, these Ir
atoms are primarily expected to occupy grain boundaries. As the formation of NiSi is diffusion
controlled [48] and grain boundary diffusion is generally considered as the primary diffusion
mechanism during thin film growth, the presence of the Ir atoms at the grain boundaries
can limit the diffusion of the mobile Ni or Si atoms and consequently slow down the NiSi
formation. As the number of diffusion ‘roadblocks’ (Ir atoms) increases with the total Ir
concentration, this mechanism can explain the observed link between the shift in the NiSi
formation temperature and the Ir concentration.
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Figure 6.18: XPS depth profiling of Ni/Ir samples quenched at 600 ◦C during a 3 ◦C/s ramp anneal.
Results are shown for samples containing respectively 5, 15 and 25 at% of Ir. The
sputter time between the respective XPS measurements was selected at 25 seconds.
The difference in sputtering time needed to reach the SiO2 substrate between the
respective measurements is probably related to small fluctuations in the intensity of
the ion beam or the thickness of the Si substrate film.
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Figure 6.19: XPS depth profiling of Ni/Ir samples quenched at 950 ◦C during a 3 ◦C/s ramp anneal.
Results are shown for samples containing respectively 5, 15 and 25 at% of Ir. The
sputter time between the respective XPS measurements was selected at 6 seconds. The
difference in sputtering time needed to reach the SiO2 substrate between the respective
measurements is probably related to small fluctuations in the intensity of the ion beam
or the thickness of the Si substrate film.
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Decreased NiSi2 nucleation temperature The lower NiSi2 formation temperature can
be linked to the difference in Ir solubility in respectively NiSi and NiSi2. As discussed in
the previous paragraph, a limited solubility of Ir in NiSi was observed in our experiments.
In contrast, it is evident from the XPS results of figure 6.19 that a good correlation exists
between the Ni and Ir concentrations for the (SOI) samples quenched at 900 ◦C. This indicates
that, although the Ir/Si system lacks an IrSi2 phase with a structure similar to NiSi2, Ir is
better soluble in NiSi2 than in NiSi.
For a solid solution,
∆Sm = −nR(x1lnx1 + x2lnx2) (6.2)
represents the change in configuration entropy associated with the mixing of both phases. In
equation 6.2, n represents the total number of moles, R is the gas constant and x1 and x2 are
the mole fractions of both phases. It is evident that when two phases do not mix (x1 = 0,
x2 = 1), the entropy of mixing will reach its minimum value while a maximum is reached for
a solid solution of both phases (x1 = 0.5, x2 = 0.5). As Ir is better soluble in NiSi2 than
in NiSi, this implies that the NiSi2 formation will increase the total entropy of the Ni/Ir/Si
system.
Because NiSi2 formation is nucleation controlled [48], the associated enthalpy change
(∆H) is small and the contribution of the entropy term (∆S) can significantly influence the
total free energy change (∆G = ∆H − T∆S) per unit volume. Based on the classical theory
of nucleation (section 2.2), the free energy change for a nucleus with radius r is given by
∆GN = ar
2∆σ − br3∆G (6.3)





Assuming that the other contributions to the total entropy are much smaller than the
difference in mixing entropy, the solubility difference of Ir in NiSi and NiSi2 increases the
total entropy change ∆S. As a result, the total free energy change ∆G becomes more negative
which according to equation 6.4 implies that the height of the nucleation barrier decreases.
This facilitates the nucleation of NiSi2 and lowers the NiSi2 formation temperature.
∆Sm ր ⇒ |∆G| ր ⇒ ∆G∗ ց (6.5)
A schematic representation of the Ir influence on nucleation is shown in figure 6.20 in which
∆Grandom and ∆Gmixed correspond to the free energy of a NiSi2 nucleus in respectively the
pure Ni/poly-Si system and the Ni/Ir/poly-Si system.
Although a truly quantitative analysis cannot be achieved at this moment due to the un-
certainty in thermodynamic properties and the absence of reliable data concerning interface
energies, figure 6.20 also allows us to understand the observed link between the Ir concentra-
tion and the loss in epitaxial quality of the NiSi2 film. (figure 6.13). As the energy of an
epitaxial interface is typically lower than that of a random interface, the gain in interface en-
ergy (∆σ) upon nucleation is lower for a grain that forms epitaxially with the substrate. This
explains the preferential formation of an epitaxial NiSi2 film in the pure Ni/Si(100) system
as the existence of an epitaxial relationship between NiSi2 and Si implies that the activation
energy (equation 6.4) for the nucleation of epitaxial NiSi2 grains on Si(100) is lower than
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Figure 6.20: Schematic representation of the influence of epitaxial growth (dashed lines) and mixing
entropy (dots) on the free energy change associated with the nucleation process. In
this figure, the activation energy of the different nucleation processes is equal to the
maximum value that is reached for respectively ∆Grandom,∆Gepi and ∆Gmixed.
that of random oriented grains (respectively ∆Gepi and ∆Grandom in figure 6.20). Ir addition
lowers the nucleation barrier for both random and epitaxial grains due to the entropy of mix-
ing effect and diminishes the driving force for epitaxial growth due to an increased mismatch
between NiSi2 and Si caused by the deformation of the NiSi2 matrix by the dissolved Ir
atoms. As a result, the activation energy for NiSi2 nucleation in the Ni/Ir/Si system is
expected to become comparable for random and epitaxial grain formation (∆Gmixed) which
explains the more random nature of the NiSi2 grain orientations at higher Ir concentrations.
Agglomeration and sheet resistance The lower formation temperature of the NiSi2
phase enables its formation before severe agglomeration of the NiSi film can occur. As the
formation of this phase almost doubles the thickness of the silicide film, severe deterioration
of the thin film is prevented [184], resulting in a low sheet resistance (< 20 Ω/ ) up to 850
- 900 ◦C depending on the substrate. This corresponds well with the findings of Maa et al.
[186] and Song et al. [187] as they also observed a low sheet resistance at high temperatures
during their study of the effect of a 1 nm Ir interlayer on the solid state reactions between a
10 nm Ni film and a Si(100) or poly-Si substrate.
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6.3 Conclusions
The Ir/Si system The solid state reaction between a 30 nm Ir film and different Si sub-
strates was studied using 3 different in situ techniques. The silicide formation appeared mostly
independent of the substrate orientation or dopant level as a phase sequence of IrSi, Ir3Si4,
Ir3Si5 and IrSi3 was found on all substrates. The stoichiometry of the phases was verified
using ex situ RBS measurements and their resistivity varied between 20 and 2400 µΩ cm. In
addition, the presence of a thin amorphous IrSi interlayer was detected from its crystalliza-
tion around 400 ◦C. The Ea for the crystallization of this phase and of the formation of the
IrSi, Ir3Si4 and Ir3Si5 phases was determined by means of a Kissinger analysis. Comparison
between our experimental values and reported values for the Ea of Si diffusion in Ir-silicides
suggested a diffusion controlled growth mechanism for all of the studied phases.
The Ni/Ir/Si system The addition of up to 25% of Ir to the Ni/Si system only had a small
effect on the observed phase sequence as the subsequent formation of Ni-rich silicides, NiSi
and NiSi2 was detected. No Ir silicides were detected for any of the studied Ir concentrations.
The limited solubility of Ir in NiSi delayed the NiSi formation to higher temperatures while
the lower formation temperature of the NiSi2 phase was attributed to a difference in mixing
entropy caused by a difference in Ir solubility in NiSi and NiSi2. The formation of the NiSi2
phase at lower temperatures prevented agglomeration of the silicide film and a low sheet
resistance (< 20 Ω/ ) was observed up to 850 - 900 ◦C depending on the Si substrate.
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Chapter 7
The Pd/Ge system
The replacement of Si by a material which allows a higher channel mobility (SiGe, Ge, GaAs),
implies that a different contact material will have to be found for such applications. Because of
the large similarities with silicides, germanides are expected to be interesting contact materials
in a Ge-based technology. To accommodate for a possible shift to a Ge-based technology, the
solid state reaction between thin (30 - 150 nm) Pd films and various Ge substrates (Ge(100),
Ge(111), polycrystalline Ge and amorphous Ge) is characterized in this chapter by means of
in situ X-ray diffraction (XRD), Laser Light Scattering (LLS) and in situ sheet resistance
measurements. In addition, a detailed study of the kinetics of the Pd/Ge solid state reaction
is performed in which the thickness of the growing Pd-germanides was determined using in
situ Rutherford Backscattering Spectroscopy (RBS).
7.1 Introduction
Due to the continuous miniaturization in micro-electronics, the SiO2 gate dielectric in current
Si based Complementary Metal Oxide Semiconductor (CMOS) technology is being replaced
by better performing high-k dielectrics [188]. As the existence of the stable oxide is one of the
key advantages of Si, other intrinsic better performing materials such as SiGe, Ge and GaAs
are becoming more interesting as a channel material [17]. Germanides have been reported
to provide good contact characteristics on all of these materials [189, 190, 191, 16, 192]. In
particular, Gaudet et al. [6], identified NiGe and PdGe as the most promising candidates
for source-drain contact applications (on Ge), due to their low temperature of formation, low
resistivity (22 - 30 µΩ-cm) and their stability over a large temperature range. The Ni/Ge
system has already been extensively studied in literature [193, 194, 195]. In contrast, the
phase formation in the Pd/Ge system has not been the subject of an extensive study since
some initial reports in the 1980’s [196, 69, 197, 198].
Based on the Pd/Ge phase diagram (figure 7.1), 7 different Pd-germanides have been
identified in the bulk Pd/Ge system: α − Pd5Ge, β − Pd5Ge, Pd3Ge, Pd21Ge8, Pd25Ge9,
Pd2Ge and PdGe. Only 2 germanides (Pd2Ge and PdGe) have been detected during the
solid state reaction of a thin Pd film with a Ge substrate [196, 69, 198] while the formation
of Pd2Ge, Pd25Ge9, Pd3Ge and Pd5Ge was observed in thin film systems with an excess
of Pd [199, 200]. The kinetics of the Pd/Ge solid state reaction were studied by Majni et
al. [69, 197] and Ottaviani et al. [198] using ex situ RBS measurements. They reported a
diffusion controlled growth of Pd2Ge and PdGe with an activation energy of about 1.5 eV
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Figure 7.1: Phase diagram of the Pd/Ge system [99].
for both phases. Based on W marker experiments, Scott et al. [201] and Marchal et al. [202]
identified Pd as the dominant diffusing species during the Pd/Ge solid state reaction although
the contribution of Ge diffusion to the total atomic transport could not be neglected.
7.2 Sample preparation
The substrates consist of Ge(100), Ge(111) and polycrystalline Ge wafers and a 200 nm thick
amorphous Ge film that was deposited on a SiO2 wafer using thermal evaporation in a vacuum
of 1 ∗ 10−4 Pa. After a short HF dip (20 s), a 30, 100 or 150 nm thick Pd film was sputter
deposited in an Ar atmosphere with a pressure of 5 ∗ 10−1 Pa after a base pressure of 10−4
Pa was reached in the PVD system.
7.3 Phase formation in the Pd/Ge system
7.3.1 Phase formation on poly-Ge.
To identify the phase formation temperatures and the phase sequence of the thin film Pd/Ge
reaction, ramp anneals from 100 ◦C to 750 ◦C at a fixed rate of 3 ◦C/s were used to study
the reaction between a 30 nm thick Pd film on a poly-Ge substrate. The information was
gathered using simultaneous in situ XRD, LLS and sheet resistance measurements using the
in situ setup at Brookhaven. Typical in situ results are shown in figure 7.2.
In figure 7.2 (a), the measured sheet resistance and LLS results are shown as a function
of temperature. In figure 7.2 (b-e), the corresponding XRD patterns are shown using false
color plots with a logarithmic gray scale. As one XRD measurement is limited to about 14◦
in 2θ, multiple measurements are required to show all the relevant XRD peaks. At room
temperature, the presence of two phases can be derived from the observed XRD peaks. The
peaks at 32, 53 and 64◦ are linked to diffraction at the (111), (220) and (311) planes of the
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Figure 7.2: In situ sheet resistance (a), LLS (a) and XRD results (b-e) results of the solid state
reaction between a 30 nm Pd film and a poly-Ge substrate during a 3 ◦C/s ramp anneal.
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polycrystalline Ge substrate. These peaks remain visible during the entire heat treatment
which indicates the abundance of Ge in the sample. In addition, the intensity of these peaks
stays constant until at 500 ◦C the intensity of the Ge(220) peak rapidly decreases while a steep
increase in intensity is observed for the Ge(111) and Ge(311) peaks. This behavior is probably
caused by grain growth in the poly-Si substrate initiated by the elevated temperatures. The
other peak at room temperature (47◦) is characteristic for the as-deposited Pd film as its
position corresponds well with that of the Pd(111) peak. The first germanide that is observed
during the Pd/Ge solid state reaction is the Pd2Ge phase at 200
◦C from the appearance of its
Pd2Ge(111) peak near 44
◦ and the increase of intensity of the peak near 63◦ (Pd2Ge(002)).
This phase grows up to 270 ◦C at which temperature the entire Pd film (peak at 47◦) is
consumed. Due to the disappearance of the Pd film, the Pd2Ge phase becomes the seeding
layer for the growth of the PdGe phase of which the PdGe(101), (210), (111), (211), (301)
en (002) diffraction peaks are observed near respectively 35, 38, 39, 49, 60 and 62◦ 2θ. At
340 ◦C, the Pd2Ge film is totally consumed while the PdGe phase is stable up to its melting
temperature (725 ◦C).
Additional information regarding the phase formation can be obtained from the simulta-
neous in situ sheet resistance and LLS measurements. From the comparison of figure 7.2 (a)
and figure 7.2 (b-e), the initial increase in sheet resistance can be related to the formation of
the Pd2Ge phase while the subsequent drop in sheet resistance correlates to the formation
of PdGe. This behavior can be explained as PdGe is a low resistivity phase with a thickness
that exceeds that of the original Pd film. Assuming that the entire 30 nm Pd film reacted
and formed PdGe, the thickness of the resulting PdGe film equals 64 nm. This means that
the measured sheet resistance of 5.9 Ω/ corresponds to a resistivity value of 38.4 µΩ-cm
which is slightly higher than the value of 30 µΩ-cm previously reported in literature [6]. The
steep increase in sheet resistance near 500 ◦C can not be linked to the formation of a certain
phase but corresponds well with the increase in intensity of the Ge diffraction peaks. As
such, the change in sheet resistance at temperatures above 500 ◦C is probably the result of
microstructural changes in the poly-Ge substrate caused by the growing Ge grains and not
linked to agglomeration of the PdGe film itself. This is supported by the LLS results as no
significant change in these signals is detected until the PdGe film melts at 725 ◦C.
7.3.2 Influence of the substrate orientation
To study the influence of the substrate orientation on the Pd/Ge solid state reaction, similar
in situ measurements were performed for a 30 nm Pd film on a Ge(100), Ge(111) or amorphous
Ge substrate. The results are shown in figure 7.3.
It is evident that the phase formation in the Pd/Ge system on the a-Ge and Ge(100)
substrate is similar to that on poly-Ge (figure 7.2) while on Ge(111) only the formation of
PdGe is observed from the appearance of its diffraction peaks near 390 ◦C. On all of the
studied substrates, an increase in the 0.5 µm LLS signal is detected at the PdGe formation
temperature which indicates that the PdGe formation increases the sample surface roughness.
An additional increase in roughness is observed on Ge(100) and (to a lesser extent) on Ge(111)
around 680 ◦C which might be related to agglomeration of the PdGe film. The behavior of
the sheet resistance as a function of time on a-Ge is similar to that on poly-Ge while the sheet
resistance measurements on Ge(100) and Ge(111) are dominated by the Ge substrate.
For a better comparison of the influence of the respective substrates, the formation tem-
peratures of the different phases are summarized in table 7.1.
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Figure 7.3: Influence of the substrate orientation on the Pd/Ge solid state reaction during a 3 ◦C/s
ramp anneal. In situ XRD results of a 30 nm Pd film on respectively an amorphous Ge,
Ge(100) and Ge(111) substrate.
124 CHAPTER 7. THE PD/GE SYSTEM
Germanide a-Ge poly-Ge Ge(100) Ge(111)
Pd 260 270 250 310
Pd2Ge 170 200 180
PdGe 310 340 355 390
Table 7.1: Overview of the temperatures (in ◦C) at which phases in the Pd/Ge system form or
disappear during a 3 ◦C/s ramp anneal for 4 different Ge substrates. These temperatures
were selected as the temperatures at which the rate of increase (or decrease for Pd) in
intensity of the corresponding XRD peaks is maximal.
From this table, it is evident that the formation temperatures are lower on a-Ge than
on any of the other studied substrates while the formation of the PdGe phase is significantly
delayed to higher temperatures on Ge(111). The increased formation temperature of the PdGe
phase and the disappearance of diffraction peaks in figure 7.1 just prior to its formation are
both indications of the formation of a very textured film on Ge(111) in the temperature
interval between Pd and PdGe. To identify the corresponding phase, ex situ pole figure
measurements were performed on a sample which was quenched in this temperature interval
using the linear detector at Brookhaven National Lab. As this provides us with pole figure
data for each 2θ value between 20◦ and 60◦, the summation of all intensities at each 2θ value
can be used to simulate a XRD spectrum (figure 7.4). This spectrum has the advantage that
it is sensitive to all random plane orientations in the film and therefore insensitive to the film
texture.



























Figure 7.4: Simulated XRD spectrum based on pole figure data for a Pd/Ge(111) sample quenched
at 334 ◦C during a 3 ◦C/s ramp anneal (solid line). The position of the diffraction peaks
correspond well with those of the Pd2Ge phase. For comparison, the simulated spectrum
of a Pd/Ge(100) sample quenched at 266 ◦C is also shown (dashed line).
Based on the position of the simulated diffraction peaks, the unknown phase is identified
as Pd2Ge which implies that the Pd/Ge phase sequence is independent of the orientation of
the Ge substrate as the sequential formation of Pd2Ge followed by PdGe was observed for all
of the studied substrates.
Textured growth of Pd2Ge The pole figures of the quenched samples can also be used to
identify the relationship between the textured Pd2Ge film and the Ge substrate. To illustrate
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this, several pole figures of the Pd2Ge phase on Ge(100) and Ge(111) are shown in figure 7.5.
Figure 7.5: XRD pole figures of the Pd2Ge phase on a Ge(100) and Ge(111) substrate. The samples
were quenched at respectively 266 ◦C and 334 ◦C during a 3 ◦C/s ramp anneal. The
epitaxial relationship identified between the Pd2Ge film and the Ge(100) substrate is
indicated with white dots while on Ge(111) the epitaxial relationship is evident from the
high intensity (red) spots.
In this figure, high intensity spots are observed in the pole figures on Ge(111) which can be
linked to an epitaxial relationship in which the Pd2Ge(001) plane is parallel to the Ge(111)
surface as well as Pd2Ge(100) being parallel to Ge(11¯0). This corresponds well with the
epitaxial relationship suggested in literature [196, 69].
In contrast, on Ge(100), the detected features could be attributed to an epitaxial rela-
tionship in which Pd2Ge(100) is parallel to Ge(110) and Pd2Ge(112¯) is parallel to Ge(203).
However, the broad nature and low intensity of the features indicates that the quality of this
epitaxial relationship is much lower that that on Ge(111). The detected epitaxial relation-
ship does not agree with the findings of Wang et al. [203] who, based on scanning tunneling
microscopy (STM) images, suggested that the Pd2Ge(0001) planes are preferentially inclined
about 13◦ with respect to the Ge(100) substrate resulting in a preferential relationship of
Pd2Ge(101¯2) // Ge(001). However, the difference in texture might be related to the thinner
Pd film (several monolayers) and the reactive deposition method used in their experiments.
Textured growth of PdGe Based on the difference in the relative intensities of the PdGe
peaks in figure 7.3 for the different Ge substrates, preferential growth of this phase is also
expected on Ge(100) and Ge(111). This was verified using ex situ XRD pole figure mea-
surements on samples which were quenched at 500 ◦C on both Ge(100) and Ge(111). The
results are shown in figure 7.6. In all pole figures, several intense features are detected. Most
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Figure 7.6: XRD pole figures of the PdGe phase on a Ge(100) and Ge(111) substrate. Both samples
were quenched at 500 ◦C during a 3 ◦C/s ramp anneal.
features have a circular shape that is not centered around the center of the pole figures which
is a typical characteristic of an axiotaxial relationship between film and substrate [204]. The
exact nature of this relationship is subject of an ongoing study by K. De Keyser and interested
readers are therefore referred to his work for more details. However, comparison between the
pole figures in figures 7.5 and 7.6, indicates that a small fraction of PdGe already exists in
the Pd2Ge quenches as several features which are characteristic for the PdGe phase are also
observed in figure 7.5 with a very low intensity for identical 2θ positions (42◦ and 49◦).
7.3.3 Influence of the metal film thickness
To study the influence of the metal film thickness on the Pd/Ge solid state reaction, the
reaction between a 30, 100 and 150 nm Pd film and a Ge(100) and Ge(111) substrate was
studied using the in situ setup at Brookhaven. The results are shown in figure 7.7.
Based on this figure, it is evident that the metal film thickness does not influence the phase
sequence as the formation of Pd2Ge followed by PdGe was detected for all metal thicknesses.
On Ge(111), the Pd2Ge(111) diffraction peak near 44
◦ becomes increasingly visible with
increasing Pd film thickness. However, as a good epitaxial relationship between a Pd2Ge
film and a Ge(111) substrate has been reported for Pd films up to 250 - 300 nm [69, 198],
this is probably related to slightly different experimental conditions (i.e. sample position or
rotation) and not due to a loss of epitaxial quality of the Pd2Ge film.
On both substrates, the formation temperatures of Pd2Ge and PdGe continuously shift to
higher temperatures with increasing Pd thickness. For better comparison, the respective for-
mation temperatures are summarized in table 7.2. The shift in PdGe formation temperature
is less evident on Ge(111) than on Ge(100) which might be related to a larger influence of the
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Figure 7.7: Influence of the metal film thickness on the Pd/Ge solid state reaction during a 3 ◦C/s
ramp anneal. In situ XRD results of a 30, 100 and 150 nm Pd film on respectively a
Ge(100) and Ge(111) substrate.
texture of the Pd2Ge film on the PdGe formation due to the higher quality of the epitaxial
relationship with the Ge substrate (figure 7.5).
Film thickness Pd PdGe2 PdGe
(nm) Ge(100) Ge(111) Ge(100) Ge(111) Ge(100) Ge(111)
30 250 310 180 355 390
100 330 350 205 240 380 390
150 360 370 210 250 410 420
Table 7.2: Overview of the temperatures (in ◦C) at which phases in the Pd/Ge system form or
disappear during a 3 ◦C/s ramp anneal for the different Ge substrates as a function of
as deposited Pd film thickness. These temperatures were selected as the temperatures
at which the rate of increase (or decrease for Pd) in intensity of the corresponding XRD
peaks is maximal.
7.4 Kinetics of the Pd/Ge phase formation
The kinetics of the Pd/Ge solid state reaction were determined by studying the reaction
between a thin Pd film and a Ge(100) or Ge(111) substrate using in situ XRD and RBS
measurements. Both isothermal measurements and ramp anneals were performed. In these
experiments, a Pd film thickness of 150 nm was selected to increase the reliability of the
acquired RBS spectra. The in situ results were analyzed using an Arrhenius analysis, a
Kissinger analysis and by fitting the acquired data using a simulation program based on a
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linear-parabolic growth model (section 3.2).
7.4.1 Arrhenius analysis
The first method which was used to determine the kinetics of the Pd/Ge reaction was an
Arrhenius analysis (section 3.2.1). For such an analysis, it is imperative that a good estimate
of the thickness of the phases can be achieved from the experimental data. In general,
XRD measurements can be used as the intensity of the diffraction peaks of a certain phase
is correlated to the amount of crystalline material. However, because of the preferential
growth of the Pd2Ge phase on both Ge(100) and Ge(111) (section 7.3.2), the influence of
the experimental conditions (such as a difference in sample position) on the detected peak
intensities can lead to unreliable results. In contrast, in situ RBS measurements provide an
accurate thickness determination for each time step independent of the texture of the studied
film.
Several in situ RBS measurements were performed to study the reaction between a 150
nm Pd film and a Ge(100) or Ge(111) substrate during isothermal anneals at 175, 200, 220,
230, 245, 250, 260, 275, 285 and 290 ◦C. An example of an in situ RBS measurement is shown
in figure 7.8(A). In this experiment, a 150 nm Pd film on a Ge(100) substrate was subjected
to 4 different isothermal annealing steps (220, 230, 260 and 290 ◦C).
Figure 7.8: Contour plot of the in situ RBS data for a 150 nm Pd film on a Ge(100) substrate using
isothermal annealing steps at 220, 230, 260 and 290 ◦C (A) and several examples of the fit
(solid line) obtained for the RBS data (dots) at different temperatures using the artificial
neural networks fitting routine (B) [67, 68].
The acquired spectra were fitted using an artificial neural network routine [67, 68] (figure
7.8,B) to determine the thickness variation of Pd, Pd2Ge and PdGe as a function of the
effective annealing time at each temperature. This is illustrated in figure 7.9 (left) for the
isothermal anneal at 260 ◦C. From this figure, it is evident that Pd2Ge and PdGe grow
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simultaneously as long as there is still some unreacted Pd available. However, upon complete
consumption of the Pd film, the Pd2Ge film becomes the seeding layer for the growth of the
PdGe phase which continues to grow at an increased rate.
Figure 7.9: Plots of the thickness (L) and squared thickness (L2) of the Pd, Pd2Ge and PdGe films
as a function of effective annealing time (t− t0) at 260 ◦C for the 150 nm Pd on Ge(100)
sample shown in figure 7.8.
The experimental growth rate k2
Assuming that the growth of Pd2Ge and PdGe is both diffusion controlled [69, 197, 198], the
thickness of the growing films is expected to follow the general equation (section 2.3):
L2 = k2(t− t0) + L20 (7.1)
As a result, plotting the squared thickness of the phases as a function of effective annealing
time (t − t0) allows us to determine the rate of formation (k2) of Pd2Ge and PdGe at each
temperature from the slope of the linear fit (figure 7.9, right). As the growth rate is thermally
activated, its dependency on temperature can be written in an Arrhenius form.
k2 = k20 · exp(−Ea/kbT ) (7.2)
Based on this equation, it is evident that the activation energies (Ea) of the growth rates
can be determined from the slope of the line obtained by plotting ln(k2) as a function of the
reciprocal temperature 1/kbT (Arrhenius plot, figure 7.10). In addition, the pre-exponential
factors (k20) can be derived from the intersects of the plotted lines with the y-axis (1/kbT = 0).
An overview of the acquired values for Pd2Ge and PdGe is presented in table 7.3 in which
the errors are related to the linear fitting of the L2 data using the least squares method.
It should be noted that the limited thickness of the PdGe phase during the simultaneous
growth regime prevented an accurate determination of the growth rate of the PdGe film. As
such, the values indicated in table 7.3 correspond to the growth rate of the Pd2Ge phase
during the simultaneous growth regime and to the increased growth rate of the PdGe film
after the disappearance of the Pd film.
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Figure 7.10: Arrhenius plots to determine the activation energy for the rate of formation (k2) of
Pd2Ge and PdGe on both Ge(100) and Ge(111).
Ge(100) Ge(111)
Pd2Ge PdGe Pd2Ge PdGe
k20 (1E
−4 cm2/s) 18 ± 6 508 ± 244 0.12 ± 0.05 17 ± 15
Ea (eV) 1.05 ± 0.01 1.23 ± 0.02 0.85 ± 0.02 1.08 ± 0.04
Table 7.3: Apparent activation energies and pre-exponential factors for growth of Pd2Ge and PdGe
on Ge(100) and Ge(111) determined using the Arrhenius analysis.
The diffusion rate D
Neglecting the influence of the PdGe phase on the growth kinetics of Pd2Ge because of its
limited film thickness, the formation of Pd2Ge and PdGe can both be considered as a diffusion
controlled growth of a single growing phase (section 2.3.2). As a result, the effective diffusivity
in both phases is given by






in which the ∆Gi represent the change of free energy over the phases resulting from the motion
of one atom accross the growing phase. Based on the reactions that occur at the various
interfaces, these can be calculated from the free energy of formation of the corresponding
phases as described by Barge et al. [39]. The exact free energy of formation of Pd2Ge and
PdGe was not available in literature. However, the enthalpy of formation of the Pd2Ge and
the PdGe phase have been reported by Jung et al. [205] (∆H(Pd2Ge) = 156.8± 2.7kJ/mol
and ∆H(PdGe) = 92.9± 1.5kJ/mol). Since for solid state reactions, the influence of entropy
to the free energy of formation is negligible, these values were used as an approximation.
Based on equation 7.3, the diffusion rate of the dominant diffusing species through either
Pd2Ge or PdGe can be determined from the experimental growth rates k
2. As described
in the previous paragraph, the activation energies (Ea) and the pre-exponential factors (D0)
of the diffusion processes can then be identified based on the corresponding Arrhenius plots
(figure 7.11). The results are summarized in table 7.4.
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Figure 7.11: Arrhenius plots to determine the activation energy for the diffusion rate (D) of Pd
atoms through Pd2Ge and PdGe on both Ge(100) and Ge(111).
Ge(100) Ge(111)
Pd2Ge PdGe Pd2Ge PdGe
D0 (1E
−4 cm2/s) 1.6 ± 0.5 110 ± 50 1.1E−2 ± 0.5E−2 3.0 ± 1.9
Ea (eV) 1.09 ± 0.01 1.28 ± 0.02 0.89 ± 0.02 1.12 ± 0.03
Table 7.4: Activation energies and pre-exponential factors for diffusion through Pd2Ge and PdGe
on Ge(100) and Ge(111) determined using the Arrhenius analysis.
7.4.2 Analysis with linear-parabolic program
A second approach consists of fitting the in situ RBS data with a model for the simultaneous
growth of multiple phases previously used by Nemouchi et al. [42, 43] to study the kinetics of
Ni-silicides and germanides (section 2.3.3). In this model the growth of one layer is assumed
to be dependent on both the diffusion across the growing layer (parabolic factor) and the
reaction at the interface of this layer (linear factor). The dominant reaction mechanism
is determined by the layer thickness as below a critical thickness of Di/Ki, the reaction
is predominately controlled by the interface reaction while above this critical thickness the
reaction becomes increasingly diffusion limited. Applying the linear-parabolic law to a general
model for multiple phases growth and assuming Pd is the dominant diffusing species, the
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(7.5)
In these, the indexes 0, 1 and 2 are respectively related to the Pd, Pd2Ge and PdGe
phases and 3 represents the Ge substrate. The coefficients aij are constants that can be
calculated based on the stochiometric composition and the volume of the unit cell of the
related phases. The ∆Gi represent the change of free energy over the phases resulting from
the motion of one atom through the phases which were calculated from the enthalpy of
formation of the respective phases (∆H(Pd) = 0kJ/mol, ∆H(Pd2Ge) = 156.8± 2.7kJ/mol
[205]),∆H(PdGe) = 92.9±1.5kJ/mol [205], ∆H(Ge) = 0kJ/mol) as described by Barge et al.
[39]. The unknown parameters in the equations are Di and Ki, respectively the coefficients of
diffusion and interface reaction of the different phases. Both are thermally activated processes
and as such, can be written in the form Di = D0i · exp(−Eai/kbT ) which consists of both
a pre-exponential factor (D0i) and an activation energy (Eai). This results in a maximal
number of 8 fitting parameters for ramp anneals (4 when using isothermals). Due to the
non-linear and temperature dependent behavior of the equations, numeric integration has to
be used to fit both ramp anneals and isothermals.
Isothermal measurements
The linear-parabolic growth model was first used to fit the in situ RBS data of the isothermal
measurements which were used in the Arrhenius analysis in section 7.4.1. In these experi-
ments, no information regarding the Ge consumption was obtained due to the use of single
crystal Ge(100) or Ge(111) substrates. This implied that one of the four equations in equa-
tion array 7.5 (dL3/dt) could not be used in the fitting routine. As a result, 4 unknown
parameters (D1, D2,K1,K2) had to be determined based on the growth behavior of 3 phases.
To improve this situation we assumed that either the interface reaction of Pd2Ge (K1), the
interface reaction of PdGe (K2) or both had no effect on the growth of the Pd-germanides
(K1 = K2 =∞).
Several examples of the calculated fits are shown in figure 7.12 for respectively the isother-
mal anneals at 230, 245 and 260 ◦C on Ge(100) and Ge(111). In this figure, the RBS data
is represented using dots while the best fit obtained using only parabolic kinetics (K1 = ∞,
K2 = ∞) is shown using dashed lines. From the acquired fits, it is evident that, although
pure parabolic kinetics can reasonably simulate the growth of the Pd2Ge phase, a large dis-
crepancy is still found between the experimental RBS data and the simulated growth of the
PdGe phase. However, by introducing an interface reaction for the PdGe phase (K2 6=∞), a
much better fit is obtained (solid line).
A similar fitting routine was performed on the in situ RBS data of all isothermal mea-
surements (175, 200, 220, 230, 245, 250, 260, 275, 285 and 290 ◦C). In figure 7.13 (left), the
diffusion coefficients of Pd2Ge and PdGe and the interface coefficient of PdGe for which the
best fit was obtained at each specific temperature are shown as a function of the reciprocal
temperature (1/kT ). The corresponding Arrhenius plots are shown at the right side of the
same figure. Based on these plots, the activation energies and the pre-exponential factors of
the three processes could be determined. The results are summarized in table 7.5 while the
diffusion or interface coefficients corresponding to these values are shown at the left side of
figure 7.13 using a solid (Ge(100)) or a dashed line (Ge(111)), respectively.
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Figure 7.12: Several examples of the fit obtained for the in situ RBS data of a 150nm Pd film
on a Ge(100) or Ge(111) substrate using a linear-parabolic growth law for 3 different
isothermal anneals (230, 245 and 260 ◦C). Measured data and fits are respectively
represented by dots and lines. The dashed lines represent the best fit which could
be obtained using parabolic kinetics while the solid lines represent a fit for which the
interface reaction of the PdGe phase (K2) is also taken into account.
134 CHAPTER 7. THE PD/GE SYSTEM
Figure 7.13: The diffusion coefficients of Pd2Ge and PdGe and the interface coefficients of PdGe
determined at each temperature by fitting the in situ RBS data with the model for
linear-parabolic growth. For comparison, diffusion coefficients determined by Ottaviani
et al. [198] are also indicated. The corresponding Arrhenius plots which were used to
determine the activation energies of the three processes are also shown.
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Ge(100) Ge(111)
Pd2Ge PdGe Pd2Ge PdGe
D0 (cm
2/s) 1.6E−4 ± 1.7E−4 1.3 ± 0.7 1.0E−5 ± 0.9E−5 44 ± 40
Ea (eV) 1.09 ± 0.05 1.54 ± 0.03 0.98 ± 0.04 1.72 ± 0.04
K0 (cm/s) 5.5 ± 3.7 1.0 ± 1.5
Ea (eV) 0.99 ± 0.03 0.93 ± 0.07
Table 7.5: Activation energies and pre-exponential factors for diffusion through Pd2Ge and PdGe on
Ge(100) and Ge(111) determined using the linear-parabolic fitting program. For PdGe,
the corresponding values of the interface reaction (K) are also shown.
Ramp anneals
To test the validity of the parameters derived from the isothermal RBS measurements, the
reaction of a 150 nm Pd film with a Ge(100) or Ge(111) substrate was also studied using
in situ RBS measurements during a 2 ◦C/min ramp anneal from 100 ◦C to 350 ◦C. In these
experiments, the thickness variation of Pd, Pd2Ge and PdGe as a function of temperature was
determined by analyzing the RBS spectra using the artificial neural network (dots in figure
7.14). In order to fit this data with the linear-parabolic program, up to 8 fitting parameters
need to be determined which is practically impossible based on the growth behavior of only 3
phases. Therefore, the values determined during the analysis of the isothermal measurements
(table 7.5) were taken as starting values. This implies that the interface reaction of the
Pd2Ge phase (K1) was neglected. However, the quality of the fit which is obtained by the
exact values from table 7.5 is not very good (dashed line). In addition, varying the different
parameters within the error bars indicated in table 7.5 did not significantly improve the
fit. In particular, a large difference always existed between the experimentally determined
PdGe thickness during the simultaneous growth regime (250 ◦C - 280 ◦C) and the modeled
thickness variation in this temperature range. This can be attributed to the dependence of the
growth kinetics of the PdGe phase on its critical thickness (D2/K2) and thus to the relative
contributions of diffusion and interface reaction to the growth of this film.
To determine the scope of the influence of the interface reaction, the RBS data was fitted
using only parabolic kinetics starting from the same starting values (table 7.6, solid line in
figure 7.14). A relatively good fit was obtained for the growth of the Pd2Ge phase and for
the growth of the PdGe phase in the absence of the Pd peak. However, for the PdGe growth
during the simultaneous growth regime, a large difference was detected between the fit and
the experimental values. This indicates that the growth of Pd2Ge and of PdGe after the
disappearance of the Pd peak are both controlled by Pd diffusion through the respective
phases and that a good fit of the activation energies and pre-exponential factors was obtained
(table 7.6). In addition, a large influence of the interface reaction (K) was detected on
the growth rate of the PdGe during the simultaneous growth regime. Although a good
approximation of this interface reaction was obtained for each isothermal measurement, an
accurate temperature dependence could not be determined.
7.4.3 Kissinger Analysis
The kinetics of the solid state reaction of a 150 nm Pd film on Ge(100) and Ge(111) were also
studied using a Kissinger analysis (section 3.2.2) on in situ XRD ramp anneals with different
136 CHAPTER 7. THE PD/GE SYSTEM
Figure 7.14: In situ RBS data of a 150nm Pd film on a Ge(100) or a Ge(111) substrate fitted using
a linear-parabolic growth law during a 2 ◦C/min. The measured data (dots) is fitted
using the parameters derived from the isothermal analysis (table 7.5, dashed lines) and
with the parameter set of table 7.6 (solid lines).
Ge(100) Ge(111)
Pd2Ge PdGe Pd2Ge PdGe
D0 (cm
2/s) 1.8E−4 ± 0.1E−4 0.7 ± 0.5 1.2E−5 ± 0.5E−5 40 ± 10
Ea (eV) 1.08 ± 0.01 1.51 ± 0.01 0.97 ± 0.01 1.72 ± 0.01
Table 7.6: Activation energies and pre-exponential factors for diffusion through Pd2Ge and PdGe
on Ge(100) and Ge(111) determined by fitting the ramp anneals of figure 7.14 using the
linear-parabolic fitting program. In this case, the interface reaction (K) was assumed to
be infinitely fast.




) = − Ea
kbTf
(7.6)
the apparent activation energies of the growth processes were determined from the slope of
the lines obtained by plotting ln[(dT/dt)/T 2f ] as a function of 1/kbTf (figure 7.15) [71]. In
these equations, Tf corresponds to the formation temperatures of the respective phases, which
were selected as the temperatures at which the rate of increase of the corresponding XRD
peak intensity is maximal.
The obtained apparent activation energies are summarized in table 7.7. For Pd2Ge, the
total error on the activation energies was dominated by the fitting error introduced by the
least-squares fitting routine due to the scattered position of its formation temperatures in
figure 7.15. For PdGe, the influence of this fitting error was smaller and the total error
was dominated by the uncertainty in absolute temperature of the formation temperatures
introduced by the thermocouple calibration. Although in theory, the pre-exponential factors
of the growth processes (k20) can be determined from the intersects of the plotted linear fits and
the y-axis in figure 7.15 (equation 3.6), this requires the knowledge of the exact film thickness
at the selected formation temperature. As it was not possible to derive this information from
the XRD measurements, no estimation of the corresponding pre-exponential factors is given.
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Figure 7.15: Kissinger plot of Pd2Ge and PdGe on Ge(100) (∆) and Ge(111) (∇).
Ge(100) Ge(111)
Ea Error Error Error Ea Error Error Error
Phase Thermocouple Fitting Total Thermocouple Fitting Total
(eV) (eV) (eV) (eV) (eV) (eV) (eV) (eV)
Pd2Ge 0.9 0.1 0.3 0.3 0.9 0.1 0.2 0.2
PdGe 1.6 0.2 0.1 0.2 1.7 0.2 0.1 0.2
Table 7.7: Apparent activation energies for growth of Pd2Ge and PdGe on Ge(100) and Ge(111)
determined through Kissinger analysis.
7.5 Interpretation of our experimental results
Phase formation in the Pd/Ge system Based on the combination of several in situ
methods, the formation of Pd2Ge and PdGe was detected in all our samples independent of
the substrate orientation or the thickness of the as-deposited Pd film. However, the forma-
tion temperatures of Pd2Ge and PdGe shifted according to the substrate orientation. The
lowest formation temperatures were detected on a-Ge while on Ge(111) the highest formation
temperature of the PdGe phase was observed. The lower formation temperatures for both
Pd2Ge and PdGe on a-Ge can be expected based on thermodynamics as the crystallization
enthalpy will enhance the enthalpy of formation of both phases resulting in a larger driving
force for both the nucleation of the germanides (equation 2.6) and the diffusion through the
growing films [39].
Textured growth of the Pd2Ge film An epitaxial relationship between the Pd2Ge film
and Ge(100) and Ge(111) was identified using ex situ XRD pole figures (table 7.8). On
Ge(111), the detected epitaxial relationship corresponds well with earlier reports in literature
[196, 69] while on Ge(100) the relationship has not been reported before. The good quality
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of this epitaxial relationship on Ge(111) can explain the much higher formation temperature
of PdGe on this substrate. In contrast, no significant effect of the lower quality epitaxial
relationship on Ge(100) was detected on the formation temperatures of either Pd2Ge or
PdGe.
Substrate Out of plane orientation In plane orientation
Ge(100) Pd2Ge(112¯) // Ge(203) Pd2Ge(100) // Ge(110)
Ge(111) Pd2Ge(001) // Ge(111) Pd2Ge(100) // Ge(11¯0)
Table 7.8: The epitaxial relationships detected between Pd2Ge and a Ge(100) and Ge(111) substrate,
respectively.
Kinetics of the Pd/Ge solid state reaction The kinetics of solid state reaction between
a 150 nm Pd film and Ge(100) or Ge(111) substrates were studied using an Arrhenius analysis
and a linear-parabolic fitting routine on in situ RBS isothermal measurements and by a
Kissinger analysis on in situ XRD ramp anneals. The in situ RBS results indicated that
Pd2Ge and PdGe first grow simultaneously until the Pd film is completely consumed. At
this point, the Pd2Ge film becomes the seeding layer for the growth of the PdGe film which
continues to grow at an increased rate. This behavior has also been reported by Majni et
al. [197] and is consistent with a diffusion controlled growth of both phases [39]. Additional
indications of a diffusion controlled growth mechanism for both Pd germanides are the good
linear fit which is obtained by plotting the squared film thickness (L2) as a function of time
in the Arrhenius analysis (figure 7.9) and the simple fact that a good fit can be obtained
using a program based on a growth mechanism which is controlled by Pd diffusion through
the growing phases. (Although, based on the results from this program, the interface reaction
(K) of the PdGe phase can not be neglected during the simultaneous growth regime).
The activation energies and the corresponding pre-exponential factors of the diffusion
process in both germanides were determined using the three characterization methods. An
overview of the acquired parameters is shown in table 7.9.
Arrhenius Program Kissinger
D0 Ea D0 Ea Ea
(cm2/s) (eV) (cm2/s) (eV) (eV)
Ge(100)
Pd2Ge 1.6E
−4 ± 0.5E−4 1.09 ± 0.01 1.8E−4 ± 0.1E−4 1.08 ± 0.01 0.9 ± 0.3
PdGe 1.1E−2 ± 0.5E−2 1.28 ± 0.02 0.7 ± 0.5 1.51 ± 0.01 1.6 ± 0.2
Ge(111)
Pd2Ge 1.1E
−6 ± 0.5E−6 0.89 ± 0.02 1.2E−5 ± 0.5E−5 0.97 ± 0.01 0.9 ± 0.2
PdGe 3.0E−4 ± 1.9E−4 1.12 ± 0.03 40 ± 10 1.72 ± 0.01 1.7 ± 0.2
Table 7.9: Overview of the activation energies and pre-exponential factors for diffusion through
Pd2Ge and PdGe on Ge(100) and Ge(111) (Arrhenius and linear-parabolic program) and
of the apparent activation energies for the growth Pd2Ge and PdGe on both substrates
(Kissinger) as determined by their respective analysis technique.
From this table, it is evident that the three characterization methods lead to comparable
results for the growth of the Pd2Ge phase on both substrates. In contrast, a large difference
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in activation energy is found between the Arrhenius analysis and the results of the other
analyzing techniques for the PdGe phase. This can be attributed to the fact that in the
Arrhenius analysis the growth of the PdGe phase is only fitted in the absence of a Pd film
while in both other methods the diffusion during the simultaneous growth regime is also taken
into account.
Independent of the analysis method, a difference in kinetics is identified depending on the
orientation of the Ge substrate. The difference is probably related to the different texture of
the Pd-germanide films on both substrates. This can be interpreted by taking into account
that the effective diffusion coefficient (Deff ) determined in our kinetic study is actually a
combination of the diffusion through all possible diffusion paths in the growing films (i.e.
lattice diffusion Dl and grain boundary diffusion Dgb). In a first approximation, the effective
diffusion coefficient (Deff ) can be written as [39, 206]:




with Dl and Dgb respectively the lattice diffusion and the grain boundary diffusion in the
growing phase, δ the grain boundary width (usually taken as 0.5 nm) and ‘a’ the grain size.
In addition, grain boundary diffusion is usually the dominant diffusion mechanism during
phase growth. This indicates that the size of the diffusion coefficient through a phase is
expected to be inversely proportional to the size of the grains in the growing phase. As the
grain size typically increases with increasing quality of the preferential relationship between
thin film and substrate, this implies that a lower diffusion coefficient is expected for the
Pd2Ge phase on Ge(111). This seems to contradict our experimental results as, for Pd2Ge, a
lower activation energy was found on Ge(111) (0.97± 0.01 eV) than on Ge(100) (1.08± 0.01
eV). However, when taking into account the much lower pre-exponential factors on Ge(111),
a slightly lower value is found for the (total) diffusion coefficient on Ge(111) (figures 7.13
and 7.16). The same mechanism is probably responsible for the difference in kinetics of the
PdGe phase although this could not be verified due to the unknown quality of the preferred
orientations on Ge(100) and Ge(111) (section 7.3.2).


























Figure 7.16: Comparison of the diffusion coefficients of the Pd2Ge phase on Ge(100) (solid lines)
and Ge(111) (dashed lines) in the temperature range in which the Pd2Ge growth was
experimentally verified. The coefficients were calculated based on the data in table 7.9.
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For the growth of the Pd2Ge film on Ge(100), the activation energies found in our analysis
are in good agreement with the value of 1.08± 0.05 eV reported by Scott et al. [201] for the
growth of a Pd2Ge film out of a 120 nm as-deposited Pd film. In addition, the activation
energies for the growth of the PdGe phase on Ge(100) also correspond well with the value
of 1.5 ± 0.1 eV reported by Majni et al. [69, 197] and Ottaviani et al. [198] based on
ex situ RBS data of the reaction between 200-300 nm Pd films and a Ge(100) substrate.
However, according to their study, the growth process of the PdGe film is not influenced by
the orientation of the Ge substrate as they found a similar activation energy (1.5 ± 0.1 eV)
for the growth of the PdGe phase on a Ge(111) substrate. In addition, they also reported
an activation energy of 1.5± 0.1eV for the growth of the Pd2Ge phase on both Ge(100) and
Ge(111). The reason for the large differences with the values determined in this study could
not be established.
7.6 Conclusion
In this chapter, the solid state reaction between thin (30 - 150 nm) Pd films and various Ge
substrates (Ge(100), Ge(111), polycrystalline Ge and amorphous Ge) was studied by means
of in situ X-ray diffraction (XRD), in situ Laser Light Scattering (LLS), in situ Rutherford
Backscattering Spectroscopy (RBS) and in situ sheet resistance measurements. In all our
samples, the formation of Pd2Ge and PdGe was observed independent of the substrate ori-
entation or the thickness of the as-deposited Pd film. However, the substrate orientation did
influence the formation temperatures of both Pd2Ge and PdGe. The lowest formation tem-
peratures were found on a-Ge while a very high PdGe formation temperature was observed
on Ge(111). Based on ex situ XRD pole figure measurements, this increase in formation
temperature could be linked to a good epitaxial relationship between the Pd2Ge phase and
the Ge(111) substrate. In addition, an epitaxial relationship of a much lower quality was also
identified between Pd2Ge and Ge(100).
The kinetics of the Pd/Ge was studied using 3 different characterization methods. The
growth of Pd2Ge and PdGe was found to be controlled by Pd diffusion through the growing
films although the influence of the interface reaction on the kinetics of the PdGe growth could
not be neglected. In addition, the in situ RBS results indicated that Pd2Ge and PdGe form
simultaneously as long as there is still unreacted Pd available while only the PdGe phase
continues to grow at an increased rate when the Pd film is completely consumed.
Part II




Metal induced crystallization of
amorphous semiconductors
Metal Induced Crystallization (MIC) is a well-known method for reducing the crystallization
temperature of amorphous semiconductors. In literature, the MIC process is typically studied
for amorphous silicon using an Al, Au or Ni film [207, 18, 208]. In this chapter, in situ
XRD was used to characterize the crystallization behavior of amorphous silicon (a-Si) and
amorphous germanium (a-Ge) films in the presence of 23 different transitions metals (Ti,
Zr, Hf, V, Nb, Ta, Cr, Mo, W, Mn, Re, Fe, Ru, Co, Rh, Ir, Ni, Pd, Pt, Cu, Ag, Au, Al).
The crystallization kinetics were also systematically studied for the 7 metals which lower the
crystallization temperature the most (Ni, Pt, Pd, Cu, Au, Al and Ag). In addition, the
influence of the structure of the sample and the thickness of the metal film was studied for
Au, Al and Ni. A comparison of the influence of the various metals on a-Ge and a-Si is made
and the similarities and differences are discussed using existing models for the MIC process.
8.1 Introduction
Amorphous silicon (a-Si) is typically used as a substrate in thin film solar cells and thin film
transistors due to its easier and therefore cheaper fabrication method (figure 8.1,a). However,
because the mobility of electrons is smaller for a-Si than for crystalline Si, it is advantageous
to crystallize the a-Si. A well known crystallization method is Solid Phase Crystallization
(SPC) (figure 8.1,b) which simply involves heating the amorphous film above its crystallization
temperature. However, in order to obtain large grains using SPC, the amorphous layer needs
to be subjected to a long isothermal anneal around 600 ◦C. Unfortunately, due to the long
processing times at this relatively high temperature, it is difficult to incorporate such a SPC
step into production processes on low cost substrates (e.g. plastics or glass). One method
to circumvent this problem consists of depositing a metal film on top of the a-Si prior to
crystallization (figure 8.1,c). This Metal Induced Crystallization (MIC) leads to large grained
poly-Si and can already be observed during isothermal heating at temperatures as low as
150 ◦C depending on the metal used [209]. There have been reports that the same technique
can also be used on other amorphous semiconductors such as Ge and SiGe [6, 210, 211, 212, 21].
The application of the MIC-process on amorphous Ge (a-Ge) is particularly interesting as it
would enable the low-temperature creation of µm-sized grains of germanium on insulator
(GeOI) which could lead to a significant reduction of the fabrication cost of Ge based (multi-
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junction) solar cells. In addition, µm-sized grains of germanium are also a key requirement
of monolithic three dimensional integrated circuits [213] in which low process temperatures
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Figure 8.1: Illustration of the fabrication of transistors based on an amorphous substrate. The cases
are shown for no crystallization process (a) and the SPC (b) and MIC (c) processes.
Most of the research concerning the MIC process was performed on a-Si using a Au [18],
Al [207, 19, 214] or Ni [208, 20, 215] film. Due to the success of these metals in lowering the
crystallization temperature of a-Si, they were also of main interest whenever the MIC process
was studied for other amorphous materials [216, 217, 218]. As a result, a good understanding
of the crystallization process was obtained for these specific metals and several models were
suggested to describe MIC [207, 208]. However, in order to verify the general nature of these
suggested models, a broad survey of the MIC process is necessary.
8.2 Experimental results
8.2.1 Sample preparation
The substrates used in this chapter consist of Si(100) wafers with a 100 nm thick thermally-
grown SiO2 film. On top of the substrate, a 200 nm a-Si or a-Ge film was deposited. The a-Si
film was sputter deposited using a deposition rate of 0.17nm/s in a 5∗10−1 Pa Ar atmosphere
after reaching a base pressure of 10−4 Pa in the deposition system. The 200 nm a-Ge films
were vapor deposited at a rate of ±0.4 nm/s. After the deposition of the amorphous film, the
samples were exposed to air. Immediately prior to the final deposition, in which 30 nm of
metal was deposited on top of the a-Si film, the samples were subjected to a short HF dip (1
minute in a 2% HF solution) and blown dry using N2.
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8.2.2 Crystallization temperature
In order to study the effect of the metal film on the crystallization temperature, in-situ XRD
measurements were performed at the X20C beam line of the National Synchrotron Light
Source (NSLS) at Brookhaven National Laboratory. In all measurements a fixed ramp rate
of 3 ◦C/s was used and the position of the 14◦ 2θ detection window was determined for
each metal in order to maximize the information obtained in a single measurement (typically
centered around 32◦ or 55◦). Typical in-situ XRD results are shown in figures 8.2 and 8.3
with the use of contour maps and a logarithmic gray scale. The data are shown for the cases
of no metal film and a 30 nm thick film of Al, Ag, Au, Cu, Pt, Mn and Zr.
Figure 8.2: In-situ XRD data for 3 ◦C/s ramp anneals using no metal film (a) and a 30 nm Al film
(b), Ag film (c) and Au film (d) on respectively 200 nm of a-Si and a-Ge.
For the samples containing the 200 nm a-Si film, the XRD peaks that appear around 33◦
and 55◦ (2θ) can be identified as respectively the Si(111) and Si(200) peak. For the a-Ge
samples, the Ge(111) and Ge(220) peaks appear around 32◦ and 53◦. The crystallization
temperatures discussed in this work are selected as the temperatures at which the rate of
increase of these peaks are maximum. Figures 8.2 and 8.3 clearly show the influence of the
metal film on the crystallization temperature. For the pure a-Si film (without a metal film),
the crystallization starts around 780 ◦C and the metal films all lower this temperature. For
example, the Mn (figure 8.3,c) and Al (figure 8.2,b) film lower this temperature to about
710 ◦C and 300 ◦C respectively. A similar behavior can be observed for the a-Ge films where
the pure crystallization temperature of around 590 ◦C is lowered by the same metals to 400 ◦C
and 200 ◦C respectively.
Similar in-situ XRD measurements were performed for 23 different metals. The results are
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Figure 8.3: In-situ XRD data for 3 ◦C/s ramp anneals using a 30 nm Cu film (a), Pt film (b), Mn
film (c) and Zr film (d) on respectively 200 nm of a-Si and a-Ge.
Figure 8.4: Comparison of the influence of a 30 nm metal film on the crystallization temperature of
200 nm a-Ge or 200 nm a-Si for 3 ◦C/s ramp anneals.
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summarized in figure 8.4. The crystallization temperatures of the a-Ge samples correspond
very well with those reported by Gaudet et al. [6] in their recent work on the formation
of germanides. Comparison with other values from literature is not straightforward as the
crystallization temperature depends on film thickness, annealing conditions and the method
used for its determination. General crystallization behavior is however independent of heating
methods.
For most metals, the influence of that metal on the crystallization process is comparable for
both substrates. For example, Au, Al, Cu, Ag, Ni and Pd are always amongst the materials
that lower the crystallization temperature the most. There are two exceptions: a Pt film
lowers the crystallization temperature significantly more on a-Si than on a-Ge while for a Mn
film the opposite effect can be observed.
8.2.3 Influence of the metal film thickness
The thickness of the deposited metal film can influence various parameters in the MIC process
such as grain size [219], crystallization temperature, homogeneity of the resulting polycrys-
talline film . . . In this section we focus on the effect of the metal film thickness on the
crystallization temperature for a Au, Al and Ni film. Au and Al were found to lower the
crystallization temperature the most on both a-Si and a-Ge (figure 8.4) which makes them
interesting materials for a more detailed study. However, both metals have a eutectic reaction
with Si and Ge. Therefore, the influence of the thickness of a Ni film on the crystallization
process was also studied as an example of a compound forming metal.
Eutectic reacting metals: Au and Al
For Au and Al, samples with a 0, 2.5, 5, 10, 15, 20, 70, 100, 200 and 300 nm deposited metal
film on a 200 nm amorphous substrate were measured using 3 ◦C/s in-situ XRD ramp anneals.
Typical XRD results are shown in figure 8.5 for the case of an Al film on a-Si. Without an
Al film, the crystallization starts around 780 ◦C. For a very thin Al film (< 2.5 nm) the
crystallization temperature is still very high (around 750 ◦C), but this temperature decreases
rapidly with increasing film thickness until the lowest crystallization temperature of 280 ◦C
is reached for a film thickness of 20 nm. Above 20 nm, additional increases of the Al layer
thickness appear to have no effect on the temperature at which the crystallization starts, not
even when the thickness of the Al film exceeds that of the a-Si substrate.
Similar XRD measurements were performed for Al films on a-Ge and Au films on both
amorphous a-Si and a-Ge. The results are summarized in figure 8.6. In this figure, the inte-
grated intensity of the Si(111) or Ge(111) peak is displayed as a function of the temperature.
This allows for a more accurate comparison of the results as for a randomly textured crystal-
lized film, the intensity of these peaks is proportional to the amount of crystalline material
(Si or Ge) in the sample. For Al, 4 important observations about the crystallization process
can be derived from this figure.
1. The crystallization behavior on both substrates is very similar to that reported in the
previous paragraph for a-Si. A very thin metal film (2.5 - 5 nm) has almost no influ-
ence on the initial crystallization temperature. Increasing the thickness of the Al film,
decreases the temperature at which the crystallization starts until the lowest crystal-
lization temperature is reached for a 20 nm Al film. Additional increases of the Al film
thickness after this point have no effect on the initial crystallization temperature.
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Figure 8.5: Influence of the metal film thickness on the crystallization temperature during a 3 ◦C/s
ramp anneal for eutectic reacting metals. In-situ XRD measurements for a 2.5, 5, 10,
20, and 300 nm Al film on 200nm a-Si.
2. For the thicker Al films, a second strong increase in the peak intensity can be noticed at
a certain temperature after the initial crystallization. The temperature of this second
step continues to decrease with increasing Al film thickness.
3. The increasing Al film thickness causes a decrease in intensity of the Si(111) or Ge(111)
peak at higher temperatures. This phenomenon is more apparent on a-Ge than on a-Si
where it is only observed for the thickest films studied (200 and 300 nm Al). We believe
this behavior to be related to the increase of the overall Al concentration (figure 8.7).
As the Al concentration approaches the eutectic composition (12.2 at% for Si, 28.4 at%
for Ge), a bigger fraction of the semiconductor layer will become liquid at the eutectic
temperature leading to a decrease in the XRD signal from the remaining solid portion
of the semiconductor layer.
4. For the 70 and 100 nm (figure 8.8) Al films on a-Ge, a SiGe alloy ( 32.2◦ 2θ) crystallizes
out of the molten Al-Ge substance at temperatures > 800 ◦C. Based on the enthalpies of
formation of Al2O3 (-1675.7 kJ/mol) [220] and SiO2 (-910,7 kJ/mol) [221], it is indeed
possible that Al atoms will force Si atoms out of the oxide layer when they come into
contact with it.
4Al + 3SiO2 → 2Al2O3 + 3Si
The absence of this SiGe peak for lower (0− 30 nm) and higher (200, 300 nm) Al film
thicknesses indicate both the need for sufficient Al atoms to react in order to obtain a
detectable SiGe phase, as well as the deteriorating effect of the liquid nature of the film
on this reaction.






Figure 8.6: Influence of the metal film thickness on the crystallization temperature of 200 nm a-Si
or a-Ge for eutectic reacting metals. integrated intensity of the Si(111) or Ge(111) peak
measured during a 3 ◦C/s ramp anneal.















Figure 8.7: Phase diagram of the Al/Si and Al/Ge binary couples. The atomic concentration corre-
sponding to each metal film thickness has been indicated with a solid vertical line.
Figure 8.8: In-situ XRD results for a 70 and 100 nm Al film on 200 nm a-Ge using a fixed ramp rate
of 3 ◦C/s.
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For Au, a very different behavior can be observed as even a very thin Au film (2.5 nm)
lowers the initial crystallization temperature of the amorphous semiconductors to the lowest
value observed in the measurements (about 210 ◦C for Si and 170 ◦C for Ge) and increasing
the thickness of the Au film does not further lower the crystallization temperature of this first
step. A second (and even third) step can be identified, and the related temperatures decrease
with increasing Au film thickness until a Au thickness of 20 nm is reached. As is the case for
Al, a decrease in intensity can also be noticed at higher temperatures for the Ge samples.
The appearance of a two step crystallization process for both an Al and a Au film is
quite intriguing. As both metals have a eutectic reaction with Si and Ge, a link between the
eutectic behavior and the observed crystallization process can be expected. An additional
indication of this is that the temperature of the second step appears to stabilize around the
eutectic temperature of the metal/semiconductor mixture (Au/Si : 363 ◦C, Au/Ge : 361 ◦C,
Al/Si : 577 ◦C, Al/Ge : 420 ◦C) with increasing film thickness. The link was verified as a
similar 2 step crystallization process is also visible for a 30 nm Ag film (figure 8.6) with an
increased growth rate around the eutectic temperature (Ag/Si : 835 ◦C and Ag/Ge : 651 ◦C).
Compound forming metals: Ni
In order to study the influence of the film thickness for a compound forming metal, samples
with a 2.5, 5, 10, 20, 30, 50 and 70 nm Ni film on 200 nm a-Si/a-Ge were measured using
3 ◦C/s in-situ XRD ramp anneals.
The results are shown in figure 8.9. In this figure, the compound formation is clearly
visible for the Ni/Si samples as subsequent diffraction peaks of Ni2Si, NiSi and NiSi2 can be
identified. Unfortunately, the diffraction peak of Si(111) (33.3◦) overlaps with the (111)-peak
of NiSi2 (33.4
◦) due to the structural similarity of both materials. However, the growth of
the NiSi2 phase is also visible through the simultaneous disappearance of the NiSi phase.
This allows us to link the strong increase in intensity of the 33◦ peak around 600 ◦C to the
crystallization process. The Ni film thickness does not appear to have a significant effect
as only for the 2.5 nm Ni film a slight increase in the crystallization temperature can be
observed. For the 70 nm Ni film, no crystalline Si could be detected after the heat treatment.
This is expected as the complete transformation of a 70 nm Ni film into NiSi2 would require
a Si film of about 230 nm. As only 200 nm of a-Si is available, the entire Si film is consumed
during the compound formation.
For the Ni/Ge samples, the compound formation is not readily apparent from figure 8.9.
The only germanide peak that is observed in the measurements is the weak (011)-peak of
NiGe (35.4◦) for the thicker Ni films. The crystallization process is however easily identifiable
from the appearance of the Ge(111) peak around 33◦. As is the case for the Ni/Si samples,
the thickness of the Ni film does not appear to have an important effect on the crystallization
process as a crystallization temperature of about 400 ◦C is found for all Ni film thicknesses.
8.2.4 Influence of the structure of the sample
The structure of the sample can have an influence on the crystallization process as was
reported by Wang et. al. [222] during their study of the effect of a 50 nm Al top- or interlayer
on the crystallization of 150 nm a-Si or a-Ge. The influence of the as deposited layer structure
on the MIC is studied in this section by comparing the difference in crystallization behavior
between samples with a toplayer (TL : 30 nm Metal/200 nm a-Si (a-Ge)/SiO2-substrate) and
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Figure 8.9: Influence of the metal film thickness on the crystallization temperature during a 3 ◦C/s
ramp anneal for compound forming metals. In-situ XRD measurements for a 2.5, 5, 10,
20, 30, 50 and 70 nm Ni film on 200nm a-Si or a-Ge.
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an interlayer (IL : 200 nm a-Si (a-Ge) /30 nm Metal/SiO2-substrate) structure. The metals
selected for these experiments are Au and Ni. The crystallization process was studied using
in-situ XRD measurements at a fixed ramp rate of 3 ◦C/s performed with the setup at Ghent
University. Unfortunately, adhesion problems were encountered between the Au film and the
SiO2 substrate. As a result, the Au/Si and Au/Ge IL samples were very loosely connected
to the substrate. However, since the substrate is only used as a carrier and our main interest
is the reaction between the Au and the amorphous films, these adhesion problems are not
expected to have a major impact on our results.
Eutectic reacting metals: Au
The in-situ XRD data of the Au/Si samples is shown in figure 8.10 for both a toplayer
(TL) and an interlayer (IL) structure. The integrated intensity of the Si(111) peak is also
presented in this figure to facilitate the comparison between the two structures. A small
influence of the structure of the sample on the crystallization temperature is detected as the
initial crystallization temperature increases from 200 ◦C for the TL sample to about 230 ◦C
for the IL sample. A similar small shift is detected for the second crystallization step as the
temperature changes from 330 ◦C (TL) to 340 ◦C (IL).
TL
IL
Figure 8.10: Comparison between the influence of a 30 nm Au toplayer (TL) and interlayer (IL) on
the crystallization of 200 nm a-Si.
In figure 8.11, the in-situ XRD data for the Au/Ge samples is shown together with the
integrated intensity of the Ge(111) peak for both structures. A large influence of the sample
structure on the initial crystallization temperature (respectively 180 ◦C for the TL sample
and 230 ◦C for the IL) and a smaller influence on the second crystallization step (respectively
310 ◦C for the TL sample and 320 ◦C for the IL) can be detected. In addition, the structure
of the sample influences the melting point of the sample as the intensity of the Ge(111) peak
only significantly drops after 700 ◦C for the IL sample while a continuous decrease in intensity
starting at about 500 ◦C is observed for the TL sample.
The shift in the crystallization temperatures and the change in melting behavior is prob-
ably linked to a different degree of intermixing of the Au and Si or Ge layer dependent on
the as deposited layer structure. A similar behavior was reported before by Wang et al. [222]
for Al/Si and Al/Ge films. It is possible that the difference in intermixing is additionally
enhanced by the adhesion problems associated with the IL samples.
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TL
IL
Figure 8.11: Comparison between the influence of a 30 nm Au toplayer (TL) and interlayer (IL) on
the crystallization of 200 nm a-Ge.
Compound forming metals: Ni
In figure 8.12, the in-situ XRD results show the effect of a 30 nm Ni top- or interlayer on
the crystallization of 200 nm a-Si. The integrated intensity of the Si(111) peak is also shown.
Unfortunately, the diffraction peak of Si(111) (28.4◦) overlaps with the (111)-peak of NiSi2
(28.5◦) which diminishes the readability of the figure. However, as in section 8.2.3, the growth
of the NiSi2 phase can be linked to the disappearance of the NiSi phase, which is visible from
the drop in the integrated intensity of its (011)-peak (31, 1◦). As a result, the strong increase
in intensity of the Si(111) peak around 590 ◦C can be linked to the crystallization process for
the TL sample. For the IL sample, a more gradual crystallization process can be observed.
For this sample, the additional increase in intensity of the Si(111) peak around 610 ◦C is
selected as the crystallization temperature.
IL
Figure 8.12: Comparison between the influence of a 30 nm Ni top- (TL) and interlayer (IL) on the
crystallization of 200 nm a-Si.
The effect of a 30 nm Ni top- or interlayer on the crystallization of 200 nm a-Ge is shown
in figure 8.13 using in-situ XRD measurements. The integrated intensity of the Ge(111)
peak is also shown. A clear crystallization step can be identified for both structures. For
the TL structure the crystallization starts around 400 ◦C while for the IL sample a higher
crystallization temperature of 430 ◦C is found.
As was the case for the Au film, a clear influence of the structure of the sample on the
crystallization behavior is found for the 30 nm Ni film. In both cases, the crystallization
temperature of the TL sample is lower than that of the corresponding IL sample. Of course,
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TL
IL
Figure 8.13: Comparison between the influence of a 30 nm Ni toplayer (TL) and interlayer (IL) on
the crystallization of 200 nm a-Ge.
these results only provide us with information about the 2 metals studied and it would be
unwise to assume a general rule based on only 2 experiments. However, from these results it
is apparent that the as deposited layer sequence in the sample has to be taken into account
when studying the crystallization behavior.
8.2.5 Morphology of the resulting polycrystalline film
An important aspect of the crystallization process is the grain size of the resulting polycrys-
talline film as for most applications a grain size of at least several µm is required. In addition,
contaminants (metal or silicide particles) left inside the crystallized film after the crystal-
lization process has ended, have a deteriorating influence on device characteristics (short
circuiting, electron trapping. . . ) and therefore should be reduced to a minimum. In this
section, the morphology of the polycrystalline film obtained in our measurements is studied
using SEM images of quenched samples. The metals selected for these experiments are Au
and Ni. Both toplayer (TL) and interlayer (IL) structures are studied as this provides us
with information about the crystallization process in respectively the metal film (TL) and
the amorphous semiconductor (IL).
However, we would like to stress that although the grain size and the purity level of the
resulting polycrystalline film are important, the primary goal of this chapter is the comparison
of the crystallization process induced by a wide variety of transition metals. In order to
study such a large experimental matrix, the application of ramp anneals was paramount.
Unfortunately, this conflicted with the creation of a large grained polycrystalline film as
it was already reported in literature that the creation of such large grained films requires
the application of isothermal anneals at the lowest possible temperature [223, 224, 219]. In
addition, the MIC processes currently used in industry are either nano-imprinted MIC using
a metal film which is too thin (< 1 nm) to study with in-situ XRD [215, 214, 218], or
metal induced lateral crystallization (figure 8.14: MILC) [225, 213] for which the resulting
polycrystalline film is much larger grained than the corresponding film obtained using regular
MIC with the same metal [226]. Therefore, the study of the morphology of the films discussed
in this section is mostly intended to obtain additional insights into the MIC process and should
not be used to determine the optimized ‘quality’ of the crystallized material.
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MILC MILCMIC
M
Figure 8.14: Overview of the different crystallization processes induced by a metal layer: Metal In-
duced Crystallization (MIC) directly beneath the metal film and Metal Induced Lateral
Crystallization in the parts of the amorphous film not directly covered by the metal
film.
Eutectic reacting metals: Au
To study the effect of a 30 nm Au film on the crystallization of 200 nm a-Si (figure 8.10),
SEM images were taken on samples that were quenched at room temperature (RT) and at
270, 330, 400, 600 and 900 ◦C (figure 8.15).
For the TL sample, a very smooth, small grained polycrystalline Au film is visible at room
temperature. After the initial crystallization step (270 ◦C), dark dendritic areas appear at the
sample surface separated by white branch like lines. With the use of EDX, these dark areas
could be identified as Si rich while the white areas were found to be Au rich. The appearance
of the dark areas at the surface indicates that Si can diffuse into the Au film during the
initial crystallization step while their dendritic nature suggests the crystallization of these
indiffused Si atoms inside the Au film. During the second crystallization step (330 ◦C), the
dark areas continue to grow and contact each other while the amount of Au detected at the
surface diminishes. The shape of the crystalline Si also changes as the Si grains loose their
dendritic shape. After the second step (400 ◦C), the entire surface consists of polycrystalline
Si covered with Au that segregated out of the Si matrix during the crystallization process.
This is consistent with the XRD data (figure 8.10) as the entire film is crystallized at 400 ◦C.
Increasing the temperature causes more Au to gather at the sample surface which could
indicate grain growth in the crystalline Si layer (600 ◦C, 900 ◦C). Indeed, due to the decreasing
number of grain boundaries in the polycrystalline Si film, the Au atoms which would typically
gather at these sites are being pushed out toward the surface or the bottom interface of the
sample. Unfortunately, no direct information about the grain size of the polycrystalline Si
film could be determined based on the SEM images.
For the IL sample, the presence of an amorphous Si film is easily identifiable at room
temperature. No significant difference can be detected between this SEM image and the one
taken after the first crystallization step (270 ◦C). This indicates that the amorphous layer
is only partially crystallized after the first step. Even at 330 ◦C, only some very small dark
spots appear which could possibly be linked to the appearance of polycristalline Si. This
is consistent with the XRD data since the second crystallization step only starts around
340 ◦C for the IL sample. Based on these XRD measurements, the crystallization process
is completed at 400 ◦C. At this temperature, 3 distinct features can be identified on the
SEM image. This is better illustrated in figure 8.16 which uses a smaller magnification. The
light structures that are spread out over the surface are made of Au that segregated out of
the crystallized Si (the dark background). Besides these Au structures, gray circles are also
visible. These circles contain some Au/Si mixture which can be linked to the presence of a
metastable Au-Si compound [227, 228]. Increasing the temperature (600 ◦C, 900 ◦C) causes a
























Figure 8.15: SEM images of quenched samples of Au/Si toplayer and interlayer samples.
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behavior similar to that observed for the TL sample as Au increasingly segregates out of the
crystalline Si/Au-Si compound which also causes the gray circles to disappear (figure 8.16).
As is the case for the TL sample, the polycrystalline Si grains are too small to detect the








Figure 8.16: SEM images of Au/Si interlayer samples quenched at 400 ◦C and 600 ◦C.
SEM images of the Au/Ge samples are shown in figure 8.17. In this case samples were
quenched at RT, 250, 300, 400, 700 and 900 ◦C. The corresponding crystallization process is
shown in figure 8.11. For both TL and IL structures, the crystallization process shows a lot
of similarities with that of the Au/Si samples.
For the TL sample, a small grained polycrystalline Au film can be detected at room
temperature. During the first crystallization step (250 ◦C), Ge diffuses into this film (dark
spots). The size of these dark spots increases during the second crystallization step (300 ◦C).
The crystallization process is completed around 400 ◦C which results in a polycrystalline Ge
film with Au structures on top. Additional heating of the sample induces a significant grain
growth in the polycrystalline Ge film as the contours of grains with a size of approximately
200 nm are visible in the SEM image at 700 ◦C. However, this grain growth could also be the
result of the resolidification of a liquid Au/Si mixture which is expected at this temperature
based on the XRD measurements (figure 8.11). Because of the inhomogeneous nature of the
resulting sample surface (figure 8.18), an influence of this liquid is at least expected at a local
level. The amount of liquid material in the sample increases with increasing temperature. As
a result, an increased influence of this molten layer is visible at 900 ◦C in figure 8.18 as the
resolidification of the liquid leads to extreme agglomeration of the film. The resulting film
consists of a homogeneous poly-Ge film covered with Au/Ge alloy structures.
For the IL sample, the sample surface mostly consists of an a-Ge film up to 300 ◦C. In this
amorphous film, small dark spots appear at 250 ◦C (after the first crystallization step) of which
the dimensions increase during the second crystallization step (300 ◦C). The appearance of
these spots can be linked to poly-Ge formation at the sample surface. The relatively small
amount of dark material indicates that during the initial crystallization step the amorphous
material only partially crystallizes and that the crystallization starts in or near the deposited
Au film. After the second step (400 ◦C), the Ge film has completely crystallized according to
the XRD measurements (figure 8.11) and Au particles can be detected at the surface of the
sample. Increasing the temperature induces a grain growth that is similar to the one observed
for the TL sample as Ge grains with a size of approximately 100 nm - 200 nm are visible in
the SEM image (700 ◦C). At 900 ◦C, a large grained polycrystalline Ge film is visible with


























Figure 8.17: SEM images of quenched samples of Au/Ge toplayer and interlayer samples.






Figure 8.18: SEM images of Au/Ge toplayer samples quenched at 700 ◦C and 900 ◦C.
Au/Ge structures on top which can be linked to the presence and resolidification of a liquid.
Compound forming metals: Ni
To study the effect of a Ni film on the crystallization process of a 200 nm a-Si or a-Ge
film (figures 8.12 and 8.13) in more detail, SEM images are taken from samples that were
quenched at room temperature (RT) and at 300, 400, 500, 600, 800 and 900 ◦C. The results
are shown in figure 8.19. In this figure, only the results of the Ni/Si and Ni/Ge IL samples
are included as SEM images of the TL samples do not provide additional information about
the crystallization process due to the compound formation at the sample surface.
For the Ni/Si IL samples, an a-Si film can be detected up to 300 ◦C. At 500 ◦C, some
slightly lighter lines can be seen in the largely still amorphous background. This indicates
that the initial Ni/Si phase formation has a limited influence on the crystallization. At
600 ◦C, the light lines are more apparent and can be linked to the presence of NiSi2 at the
surface. According to the XRD result, the sample is almost completely crystallized at this
temperature but no conclusive evidence of the presence of crystalline material is detected in
the SEM image. Increasing the temperature (800 ◦C, 900 ◦C), increases the amount of NiSi2
present at the surface which can indicate grain growth in the polycrystalline Si film. However,
the grain size of the poly-Si remains too small to detect on the SEM images.
For the Ni/Ge IL sample, no influence of the initial germanide formation is detected as
the characteristics of the a-Ge film remain the same up to 400 ◦C. As the NiGe phase is
already present at 400 ◦C, at least in this case, there appears to be no direct link between the
formation of the germanide that is present when the crystallization starts and the enhanced
crystallization process. In the SEM image taken at 500 ◦C, the dendritic dark areas can be
linked to poly-Ge formation. This is in agreement with the XRD data as the sample is almost
completely crystallized at this temperature (8.13). According to the XRD results, additional
increases of the temperature do not increase the amount of poly-Ge in the sample. However,
comparison between the SEM image at 500 ◦C and one taken near the melting point of the
poly-Ge film (700 ◦C) reveals a large difference in the surface morphology. Based on EDX
data, the white grains in this SEM image can be linked to the NiGe phase while the darker
areas contain an abundance of Ge. Based on the XRD results in figure 8.13, the poly-Ge
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Figure 8.19: SEM images of quenched samples of Ni/Si and Ni/Ge interlayer samples.
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film melts around 760 ◦C. The surface morphology at higher temperatures is therefore mostly
controlled by the resolidification of a Ni/Ge liquid. This is apparent from the SEM image
taken at 900 ◦C as the dark polycrystalline Ge background is covered with resolidified NiGe
structures.
8.2.6 Kinetics of the crystallization
The kinetics of the crystallization process can provide us with some additional insight into the
underlying physical mechanism of the MIC. A thermally activated process such as crystalliza-
tion is typically governed by diffusion and/or nucleation. As the apparent activation energy
of the entire thermally activated process (i.e. crystallization) is typically determined by the
controlling process, the study of the kinetics can help us identify the controlling process by
comparison of the observed values for the apparent activation energies with reported values
from literature.
In order to study the kinetics of the crystallization process, in-situ XRD ramp anneals
at different ramp rates (1, 3, 5 and 9 ◦C/s) were performed for the 7 metals which lower the
crystallization temperature of the 200 nm a-Si film the most i.e. Pt, Ni, Pd, Ag, Cu, Al
and Au (figure 8.4). This allows us to determine the activation energies of the crystallization
process through the use of a Kissinger analysis as described in section 3.2.2. In this analysis,
the apparent crystallization temperature Tc corresponding with each ramp rate was deter-
mined from the maximum rate of increase of either the Si(111) or Ge(111) peak. By plotting
ln[(dT/dt)/T 2c ] as a function of 1/kbTc, the Ea is then readily available from the slope of
the plotted line. The obtained Kissinger plots for both amorphous substrates are shown in
figure 8.20. The derived Ea are presented in table 8.1 together with estimates for the different
errors inherent to this application of the Kissinger analysis. From this table it is immediately
apparent that the Ea of the crystallization process is significantly lowered by all metals.
M/a-Si M/a-Ge
T(°C) T(°C)
Figure 8.20: Arrhenius plots for the crystallization process of a-Si and a-Ge using 7 different metals.
8.3 Models and interpretation
In the overview schematics presented in figure 8.4, one notices first that a-Ge crystallizes
at a lower temperature than a-Si, as expected based on its lower melting point. The figure
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Metal M/a-Si M/a-Ge
Ea Error Error Error Ea Error Error Error
Thermocouple Fitting Total Thermocouple Fitting Total
(eV) (eV) (eV) (eV) (eV) (eV) (eV) (eV)
a− Si 4.2 0.7 0.60 0.7 3.2 0.6 0.38 0.6
Ni 3.5 0.7 0.15 0.7 1.9 0.3 0.10 0.3
Pd 2.8 0.6 0.43 0.6 2.5 0.5 0.06 0.5
Pt 1.9 0.2 0.45 0.5 2.4 0.4 0.07 0.4
Cu 2.2 0.5 0.15 0.5 1.7 0.3 0.06 0.3
Ag 1.8 0.3 0.19 0.3 2.5 0.5 0.34 0.5
Au 1.7 0.6 0.04 0.6 1.6 0.4 0.44 0.4
Al 1.4 0.3 0.03 0.3 2.4 0.7 0.08 0.7
Table 8.1: Activation energies for the crystallization process for 7 different metals determined through
Kissinger analysis.
also shows that the presence of a metal film on the amorphous semiconductor (a-Si or a-Ge)
always lowers the crystallization temperature. The metals can be divided into 2 groups. The
first group consists of the metals that have a eutectic reaction with both Si and Ge (Au, Al
and Ag) while the second group forms compounds which are called silicides or germanides
dependent on the semiconductor (the remaining metals studied here). The driving force for
the crystallization is the same for both groups i.e. the reduction of the free energy associated
with the transformation of the amorphous material into a (poly-)crystalline film. However,
because of the different interaction with the semiconductor, the principle behind the MIC
is expected to be different. In this section, we will compare the experimental results of our
survey with some well known models for the MIC process that were proposed based on one
specific metal/semiconductor combination (i.e. Al/Si for eutectic reacting metals and Ni/Si
for compound forming metals) in order to test the general applicability of the suggested
models.
8.3.1 Eutectic reacting metals : Al, Ag, Au
Model of Nast and Wenham for Al induced crystallization
An empirical model for Aluminum induced crystallization of a-Si (figure 8.21) was proposed
by Nast and Wenham [223]. The first step in their model was based on the work of Hiraki
et. al. [229, 230] concerning metal/silicon interfaces. It states that the covalent bonds of
the interface Si atoms in the a-Si film are weakened due to electronic screening caused by
the free electrons of the adjacent metal film. This facilitates the diffusion of Si-atoms into
the metal film during heating (figure 8.21,a), where the Si-atoms will find some preferred
nucleation sites at the metal grain boundaries (figure 8.21,b) [209, 231, 210]. Because of the
continuous supply of Si atoms, the Si grains will continue to grow at these sites until they
contact each other and form a continuous film which ultimately results in layer inversion (d)
[207, 232, 233].
More recently, a thermodynamic basis for this model was proposed by a research group at
the Max Planck Institute for Metals Research (He, D. [234], Wang, Z.M. [222] and Wang, J.Y.
[231]). Based on experimental data, they calculated the interface energy associated with Al












Figure 8.21: Overview of the MIC model proposed by Nast and Wenham for Al/a-Si.
grain boundaries (γGBAl ) and with the interfaces between a crystalline Al film and a crystalline
or amorphous Si or Ge film (γinterf〈Al〉/{Si}). They proposed that the diffusion of Si or Ge atoms
into the Al grain boundaries (i.e. wetting) is thermodynamically favored if the replacement
of one Al grain boundary by respectively 2 Al/a-Si or 2 Al/a-Ge interfaces leads to a decrease
in the total Gibbs free energy of the system (equation 8.1).
∆γGe in AlGBD = γ
GB
Al − 2γinterf〈Al〉/{Ge}, ∆γSi in AlGBD = γGBAl − 2γinterf〈Al〉/{Si} (8.1)
As an average positive driving force of about 0.22J/m2 was found for both a-Si and a-Ge
films (figure 8.22,a), their model can explain the Si or Ge indiffusion into the Al film during
the MIC process (figure 8.21,b). As the driving force is independent of the relative position
of the metal and semiconductor film, layer inversion is expected for both interlayer (IL) and
toplayer (TL) structures.
Figure 8.22: Calculated interface energies (a) and critical thicknesses (b) using the model of Wang
et al. as a function of temperature [222].
In addition, the model also explains one of the differences observed between the Al induced
crystallization of a-Si and a-Ge. For Al/a-Si, the growth of the polycrystalline film only starts
at grain boundaries inside the Al film while the crystalline Ge formation can start at either
the Al grain boundaries or at the Al/a-Ge interface [217, 222, 235, 236]. The explanation is
based on the general principle that a very thin amorphous film (several monolayers) is stable
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on a crystalline substrate as the crystallization of this film would transform the low energetic
crystalline/amorphous interfaces into higher energetic crystalline/crystalline interfaces. As
a result, the Si atoms which migrated toward the Al grain boundaries will first form an
amorphous mixture which only crystallizes when it obtains a certain critical thickness. This
critical thickness can be determined based on the energy of the interfaces which are created
during its crystallization process (equation 8.2). A similar expression can also be deduced for
the crystallization process at the Al/a-Si or Al/a-Ge interfaces (equation 8.3).
hcritGe in AlGB =
2 X (γinterf〈Al〉/〈Ge〉 − γinterf〈Al〉/{Ge})
−∆Gcryst〈Ge〉−{Ge}
, hcritSi in AlGB =














As can be seen in figure 8.22(b), the critical thickness is about 3 monolayers (ML) for a-Ge
and 4 ML for a-Si at the Al grain boundaries. This thickness is almost always reached due to
the continuous diffusion of Si or Ge atoms into the Al film. As a result, the crystallization can
start at the Al grain boundaries for both semiconductors. For the Al/Si and Al/Ge interfaces,
a critical thickness of respectively 2.5 ML and 1.9 ML can be determined from figure 8.22(b).
It is important to notice that at these interfaces, only the weakly bonded (screened) Si or Ge
atoms can crystallize as the strong covalent bonds in the remaining amorphous film prevent
crystallization at low temperatures. Based on the findings of Hiraki [229, 230], this weakly
bonded layer is about 2ML thick. As a result, crystallization of this layer can occur for the
Al/Ge interface while for Al/Si the crystallization process is obstructed.
Interpretation of our experimental results
For all 3 eutectic reacting metals (Au, Al and Ag), a clear 2-step MIC process was found for
both amorphous semiconductors (figure 8.6). A first crystallization step was found around
70% of the respective eutectic temperature followed by a second step near the eutectic temper-
ature itself (table 8.2). The additional changes in intensity observed at higher temperatures
could be related to an increased grain growth linked with the high temperature and the
presence of a liquid.
2-step crystallization process The observation of a two step MIC process for Au, Al
and Ag is quite intriguing. The increased crystallization rate appears to be linked to the
eutectic temperature which reminds us of a similar behavior observed in a recent study of
low-temperature CoSi2 formation in the presence of Au [46]. In this study, a Si containing
liquid formed after the Au-Si eutectic temperature was reached, which served as a Si diffusion
accelerator because of the increased grain boundary diffusion. As the increased crystallization
rate is probably linked to an increased diffusion rate, the presence of such a eutectic liquid
could explain the appearance of a second step in the crystallization process. Unfortunately,
thermodynamically the presence of a liquid is not expected during the second step as for most
thickness ratios this step happens around 80− 99% of the eutectic temperature (table 8.2).
The second step was also reported by Li et al. [235] in their study of Aluminum in-
duced crystallization of a-Ge. During isothermals at low temperatures (200, 250 and 300 ◦C),
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Semi- Metal Teut Tc1 Tc1/Teut Tc2 Tc2/Teut
conductor (K) (K) (%) (K) (%)
Al 850 552 65 840 99
Si Au 636 481 75 505 80
Ag 1108 819 74 1101 99
Al 693 484 70 668 96
Ge Au 634 450 72 599 94
Ag 924 618 68 848 91
Table 8.2: Comparison between the (stabilized) crystallization temperatures of the first (Tc1) and
the 2nd step (Tc2) and the eutectic temperatures for the different combination of the 3
eutectic reacting metals and both amorphous semiconductors.
they observed the growth of poly-Ge grains in fractal like patterns inside an Al matrix. At
higher temperatures (350 and 400 ◦C), they detected a quick grain growth where different
fractals came together, with a growth rate that exceeded the initial fractal growth. A similar
phenomenon was observed in our measurements as can be seen in figure 8.15 for the Au/Si
samples. In this figure, fractal like growth of Si inside the Au film is established during the
first crystallization step at 270 ◦C. During the second crystallization step (330 ◦C), the form
of the Si crystallites inside the Au film changes which may be linked to the quick grain growth
reported by Li et al. [235]. For the Au/Ge samples (figure 8.17), the nature of the initial Ge
crystallites is not apparent from the SEM image at 250 ◦C. However, Hou et al. [236] studied
the low temperature crystallization of Ge in the presence of a Au film and detected a fractal
like growth for the Ge crystallites. At the second crystallization step (300 ◦C), these crystal-
lites have clearly changed into a more single grain like structure. Li et al. [235] attributed
the quick grain growth to a local temperature increase at the end of the Ge fractals caused by
the latent heat of crystallization. This small localized temperature rise may enable the local
presence of a diffusion enhancing liquid at an overal sample temperature below the eutectic
temperature.
Film thickness The influence of the metal film thickness on the crystallization process was
studied for both Au and Al (figure 8.6). For the Au film, the initial crystallization was found
to be independent of the used film thickness while for the case of Al, a strong influence of the
metal film thickness on the crystallization behavior was established. A possible explanation is
the partial dissolution of the thin Al film into the amorphous semiconductor before it enhances
the crystallization process. According to the model of Nast et al. [223], a thin metal film is
needed as the crystallization starts at grain boundaries inside this metal film. However, if
the metal film can dissolve into the amorphous semiconductor, this may decrease the effect
of the metal on the crystallization. Looking at table 8.3, the solubility of Al into Si or Ge is
indeed much larger than that of Au or Ag. However, even for the highest value of 1.1 at% for
the solubility of Al into Ge, this only corresponds to an Al film thickness of 1.5 nm for 200
nm a-Ge. As the detected critical thickness is much larger (about 20 nm), the solubility does
not appear to be the limiting factor.
Another possible explanation for the observed differences between the metals could reside
in their sensitivity to oxidation since Al films readily oxidize while Au films do not. Oxidation
of the Al film diminishes the available amount of metal that can initiate the MIC which
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can explain why the process is less effective for very thin Al films. This theory is further
supported by the fact that the same critical Al thickness was found for the MIC process on
both amorphous semiconductors.
Metal (M) Si in M M in Si Temp Ge in M M in Ge Temp Ref
(at%) (at%) (◦C) (at%) (at%) (◦C)
Al 0.05 0.004 300 [99]
Al 1.5 0.007 577 2.6 1.1 420 [99]
Au 2.0 0.0002 1100 3.0 0.001 361 [99]
Ag 0.0004 0.0004 1350 9.6 0.007 651 [99]
Table 8.3: Mutual solubilities of Si and Al, Au and Ag.
Kinetics The kinetics of the crystallization process can provide some additional insight
in the physical mechanism behind the MIC. For a pure amorphous semiconductor (no metal
film), a good correspondence is found between the reported activation energy for self-diffusion
and the activation energy for crystallization obtained from our measurements (table 8.4). This
indicates that the crystallization process is limited by the mobility of the Si or Ge atoms as
they reorganize themselves from an amorphous mixture into a crystalline matrix. As the
activation energy for self-diffusion in Si and Ge is relatively high (respectively 4.65 eV and
3.14 eV), the crystallization process only starts at elevated temperatures. The addition of the
eutectic reacting metals significantly lowers the crystallization temperature. This implies that
the metal film enhances the crystallization process by providing easier nucleation sites (grain
boundaries) or by increasing the diffusion rate toward the formed crystallites (i.e. increased
grain growth rate) or by doing both. The model of Nast et al. [223], assumes a diffusion
controlled MIC process limited by the diffusion of the semiconductor into the metal film.
This growth model was verified for the Al induced crystallization of a-Ge by Kovacs et al.
[237].
Our kinetic analysis of the MIC process also suggests a diffusion limited growth mecha-
nism. In table 8.4, the activation energies for the mutual diffusion of Al/Si and Al/Ge binary
couples are compared with our experimentally determined activation energies for MIC using
an Al film. For Al/Si, our observed value of 1.4 ± 0.3 eV corresponds reasonably well with
the reported activation energy for Si diffusion in Al (0.8 - 1.4 eV) [238]. For the Al/Ge
samples, our value of 2.4 ± 0.7 eV does not correspond with any of the reported Ea values
from literature. This difference might be related to the increased mutual solubilities of Al
and Ge compared to Al and Si (table 8.3) as this implies that an increased level of inter-
mixing of the two films is obtained before the crystallization starts. The diffusion through
such a mixture can be very different from that in a pure Al or a-Ge film. In addition to the
difference in possible nucleation sites (GB↔ GB and interface), this might also indicate that
although macroscopically the crystallization process appears similar for both semiconductors,
the mechanism which control this process are different. Unfortunately, no similar data was
found in literature for Au or Ag films.
Conclusion Integrating the second crystallization step into the model of Nast et al. (figure
8.21,c), a good correspondence is found between this model and our experimental results for
all 3 eutectic reacting metals. This is best seen in figures 8.15 and 8.17. In these figures,
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Semiconductor Ea Diffusion (eV) Ea Cryst. (eV)
(S) Al in S Ref S in Al Ref S in S Ref Al film No film
Si 2.64 [239] 0.8 - 1.4 [238, 240] 4.65 [241] 1.4 ± 0.3 4.2 ± 0.7
Ge 3.45 [242] 1.48 [243] 3.14 [244] 2.4 ± 0.7 3.2 ± 0.6
Table 8.4: Comparison between the activation energies for diffusion available from literature and the
experimentally determined activation energies for crystallization (section 8.2.6).
comparison between the SEM images of the TL and IL samples clearly established that during
the first crystallization step Si or Ge diffuses into the metal film (figure 8.21,a and b) and
crystallizes into fractal shaped patterns. At temperatures close to the eutectic temperature
of the different systems, the latent heat of crystallization of neighboring fractals can cause
a local increase in temperature which enables the presence of a liquid (figure 8.21,c). This
liquid increases the diffusion toward the growing Si or Ge crystallites which results in a
quick grain growth. The complete crystallization of the film leads to the formation of a
polycrystalline Si or Ge film located at the place of the original metal film and the creation
of a metal/crystalline Si or Ge mixture in the rest of the sample. This behavior is called
layer inversion (figure 8.21,d). After the complete crystallization of the film, further increases
of the temperature induce grain growth inside the formed polycrystalline film. However, the
observed crystal growth might also be the result of resolidification of the increasing amount
of liquid material in the film. This behavior is mostly apparent for the Ge samples due to its
lower melting point.
8.3.2 Compound forming metals
Model of Jin et al. for Ni induced crystallization
The research on the MIC process using a compound-forming metal has been mostly limited
to the application of a Ni film. Jin et al. [208] studied the Ni induced crystallization process
(figure 8.23) and reported that the crystallization only starts after the formation of a NiSi2
film at the interface (figure 8.23,b). Inspired by work from Hayzelden et al. [245], they
proposed a model for the MIC process in which the formed NiSi2 film breaks up and forms










Figure 8.23: Overview of the MIC model proposed by Jin et al. for Ni/a-Si.
An important element of the model is the appearance of silicide nodules inside the amor-
phous Si film. Hayzelden et al. [245] first detected these nodules during their study of the
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crystallization of Ni-implanted a-Si films. Jin et al. [208] linked the observations of Hayzelden
et al. to the crystallization behavior observed in a layered structure although they were not
able to detect these nodules themselves. However, the presence of these nodules has since
been confirmed by various other authors [19, 215, 20] using TEM characterization. An ex-
ample of such a TEM image is shown in figure 8.24. This TEM image was taken by Yoon
et al. [19] and confirms the presence of the nodules inside the amorphous layer during the
crystallization process.
Figure 8.24: TEM images of NiSi2 nodules in an a-Si network taken by Yoon et al. [19] during their
study of the metal induced crystallization of amorphous silicon using a Ni film.
The influence of the NiSi2 nodules on the crystallization of the a-Si film is apparent from
this figure as the nodules are found at the leading edge of the crystallization. However, the
exact mechanism responsible for the enhanced crystallization is still unknown. Due to the
movement of the nodules through the amorphous layer, the diffusion through the nodules is
expected to play an important role as Si atoms have to move from an amorphous matrix at
one side of the nodule to the crystalline matrix at the other side. Two models have been
proposed to explain this movement:
1. In the dissociative model, the NiSi2 nodule dissociates at the poly-Si/NiSi2 interface
where it provides Si atoms for the growing Si grain. The excess Ni atoms will then
diffuse to the a-Si/NiSi2 interface where they will form new NiSi2 with Si atoms from
the amorphous layer. In this model, the diffusion of the metal (Ni) atoms through the
silicide is expected as the rate limiting step of the crystallization. This is the most
supported model in literature based on MIC experiments with an applied electric field
[19] or with impurities embedded in the a-Si [226]. As Ni atoms in NiSi2 can be
negatively charged due to the negative Mulliken charge of Ni in a Si matrix (-0.3399e
in which e represents the charge of an electron [19, 215]), the increased crystallization
in these experiments can be attributed to the faster diffusion of the charged Ni atoms
due to the electrical interaction between the Ni atoms and an external electric field or
the impurities inside the a-Si film.
2. In the non-dissociative model, the NiSi2 nodule merely acts as a transport layer for
Si from the poly-Si edge to the a-Si edge. In this case, Si is expected to be the main
diffusing element.
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The driving force for the diffusion of the Ni or Si atoms and thus the migration of the
nodules is the difference in chemical potential of Ni and Si atoms at the a-Si/NiSi2 and
poly-Si/NiSi2 interfaces. This is shown in figure 8.25. In this schematic, the molar free
energy curves are drawn for a-Si, poly-Si and NiSi2. The concentration of the NiSi2 phase
which is stable when in contact with either a-Si or poly-Si is determined by drawing the
tie lines from respectively a-Si and poly-Si to NiSi2. The exact difference between these 2
concentrations is highly dependent upon the correct curvature of the NiSi2 phase in this
diagram. However, independent of the curvature, the NiSi2 in contact with a-Si is always
more Si rich than the one contacting poly-Si. Based on Fick’s first law of diffusion (section
2.3.1, equation 2.10), this concentration gradient enables the diffusion of Si atoms from the
a-Si/NiSi2 to the poly-Si/NiSi2 interface. The driving force can also be expressed using the
Nernst-Einstein equation (equation 2.11) as the chemical potentials of the Ni atoms and the
Si atoms in contact with the NiSi2 film can be determined from the intersection of the tie
lines with respectively the 0% Si (100% Ni) and 100% Si axes. The chemical potential of the
Ni atoms is the lowest for the Ni atoms at the a-Si/NiSi2 interface while that of the Si atoms
is the lowest at the poly-Si/NiSi2 interface. As a result, a driving force exists which causes
Ni atoms to diffuse through the NiSi2 toward the a-Si/NiSi2 interface and Si atoms toward
the poly-Si/NiSi2 interface.
Figure 8.25: Schematic equilibrium molar free-energy diagram for NiSi2 in contact with a-Si and
poly-Si (c-Si) [245].
However, in order for the driving force to exist, a small Si crystallite already has to be
present on the NiSi2 nodule. As heterogeneous nucleation in general starts at lower temper-
atures than homogeneous nucleation, the formation of a thin crystalline film at the silicide
nodule can be expected at temperatures well below the homogeneous crystallization temper-
ature of the pure a-Si film. This is in agreement with the lower crystallization temperature
observed for MIC. For a Ni film, the good lattice match between Si and NiSi2 (misfit ±
0.4 %) further enhances the nucleation process as the (semi-)epitaxial growth of Si on NiSi2
lowers the energy of the resulting poly-Si/NiSi2 interface. As a result, crystalline Si grains
can easily form at any of the 8 {111} faces of the octhahedral NiSi2 nodules [245].
Interpretation of our experimental results
In our survey of the MIC using compound forming metals, some observations establish the
general applicability of the model proposed by Jin et al. [208].
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Validation of the model In figures 8.26 and 8.27, the crystallization temperature observed
for each metal is compared to the melting point of the phase present when the crystallization
starts. Unfortunately, this phase could not be identified for the Hf and Ti films on a-Ge while
for the Ir/Ge sample, the phase diagram is not sufficiently developed which prevented us from
identifying the melting temperature of Ir3Ge7. Two important observations can be derived
from these figures.
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Figure 8.26: Comparison between the observed crystallization temperature and the melting temper-
ature of the phase that is present when the crystallization starts for the 23 different
metal films on a-Si.
1. For compound forming metals, elements that reduce the crystallization temperature by
a significant amount have all formed a silicide or germanide phase before crystallization
starts. This is consistent with the proposed model as the nodules have to form before
the start of the crystallization process. The exceptions to this are Re, Ta, W and Mo on
a-Ge: metals for which the germanide formation starts at temperatures slighly higher
than the crystallization temperature of the reference a-Ge film (590 ◦C) [6].
2. A clear correlation is observed in which the crystallization temperature is close to 2/3
of the melting temperature of the phase present when the crystallization starts. The
V/Si sample is the only exception for the a-Si samples while for the a-Ge samples, 7
metals do not follow this tendency: Cr, V, Nb, Mo, Ta, Re and W. For these metals,
the melting temperature of the corresponding phase is much higher than the melting
temperature of the pure a-Si or a-Ge film. As a result, the crystallization observed in
these samples is probably caused by the homogeneous crystallization of the amorphous
film with minimal influence of the metal film on this crystallization process. This theory
is supported by the fact that none of these metals lower the crystallization temperature
significantly.
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Figure 8.27: Comparison between the observed crystallization temperature and the melting temper-
ature of the phase that is present when the crystallization starts for the 23 different
metal films on a-Ge.
The relationship between the crystallization and melting temperatures allows us to link
the enhanced crystallization to the movement of the nodules through the amorphous film.
According to the model, this movement is related to the diffusion of metal or semiconductor
(Si, Ge) atoms through the silicide or germanide present in the nodule. Unfortunately, data
about diffusion in silicides and germanides is not readily available. However, as a rule of
thumb, elements inside a phase become mobile around 2/3 of the melting temperature of that
phase. It would thus be expected from the model that crystallization starts around 2/3 of
the melting point of the nodules. As the same relationship was found in our measurements,
this is a clear indication of the applicability of the model for the MIC of a-Si and a-Ge. It
is important to note that the melting point in figures 8.26 and 8.27 is always taken as the
temperature at which liquid would first be observed when the phase borders an excess of Si or
Ge (solidus line). As the nodules are expected to be very small and surrounded by amorphous
Si or Ge, this melting point is the most consistent with the model.
Identification of the nodules In figure 8.28, the melting temperatures of different metal/
semiconductor compositions are shown based on the solidus lines in their respective phase di-
agrams. The composition of the phase present when the crystallization starts is also indicated
for each metal/semiconductor system. In most cases, a clear drop in the melting temperature
is detected at this composition. As diffusion through a phase becomes important around
2/3 of its melting temperature, the drop in melting temperature also lowers the temperature
at which diffusion through the silicide becomes possible. As a result, the formation of this
phase effectively creates a faster diffusion path for the Si or metal atoms. Of course, diffusion
through a phase is only possible if the phase is thermodynamically stable in contact with the
semiconductor at 2/3 of its melting temperature. This is best illustrated with an example:
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In the Pt/Si system, a fast diffusion path is already present after the formation of the Pt2Si
phase as its melting temperature and those of Pt-Silicides with higher Si concentrations all
range between 979 and 986◦C. However, at 650◦C (= 2/3 * 986◦C), the Pt2Si phase is not
stable in contact with a-Si as its transformation into PtSi is detected around 400◦C in figure
8.3. As a result, PtSi induces the crystallization of the a-Si film around 650◦C.
The results allow us to understand why the MIC is delayed until after the formation of a
certain silicide or germanide phase. As the crystallization is dependent upon a fast diffusion
path through the nodules, the crystallization is delayed until such a fast diffusion path is
available. As a result, the MIC process is enabled by the silicide or germanide phase present
during the metal/semiconductor phase sequence at 2/3 of its melting temperature. Because
for most metals, the melting temperatures of the metal/semiconductor compositions system-
atically decrease with increasing semiconductor content, this phase is often Si or Ge rich. The
substantially larger influence of a Mn film on the crystallization of the a-Ge film compared to
the Mn/a-Si sample, can be explained based on this figure as a large difference in the melt-
ing temperatures of the corresponding phases is detected (Mn5Si3: ± 1200 ◦C, Mn5Ge3:
± 700 ◦C). In addition, the epitaxial growth of the hexagonal Mn5Ge3 phase on Ge(111)
was reported by Zeng et al. [246, 247] and Verdini et al. [248] (Mn5Ge3(001)//Ge(111)
with [100]Mn5Ge3//[110]Ge). This enhances the nucleation of poly-Ge on the small Mn5Ge3
nodules, in a process similar to that of Ni induced crystallization of a-Si.
Diffusion through the nodules Although our results clearly link the crystallization pro-
cess to the diffusion through the nodules in general, the exact element (metal or Si/Ge) of
which the diffusion governs the crystallization process could not be determined as in general
no values for the activation energy of Si, Ge or metal diffusion in the various silicides or
germanides are available in literature. This prevents us from linking the found activation
energies for crystallization to possible mechanisms (dissociative or non-dissociative model).
In an attempt to identify the dominant diffusing species (DDS) during the MIC process, and
consequently the correct diffusion model, the apparent Ea for the crystallization process is
compared to the apparent Ea reported in literature for the formation of the phase that is
present when the crystallization starts (table 8.5). It is immediately clear that the apparent
Ea for the crystallization are significantly larger than the reported Ea for the growth of the
silicide or germanide phases. Since the apparent Ea for phase growth is dominated by the
grain-boundary diffusion of the fastest diffusing species in the silicide, our data indicates that
this combination of diffusion method and diffusing element, is not the rate limiting factor in
the MIC process.
The Cu3Au rule might help us identify the element of which the diffusion governs the
crystallization process based on the composition of the silicide or germanide that is present
when the crystallization starts. This rule was suggested by d’Heurle [253] and states that in
an AmBn compound, the element that is most abundant is also the most mobile. Because
for most metals, the crystallization only starts after the formation of a Si or Ge rich phase,
Si and Ge can be expected as the dominant diffusing element through the nodules for the
majority of the studied metals. This was confirmed for the Pt/a-Si sample as a reported
value of 2.1 eV for the self-diffusion of Si in PtSi, was found in literature [50]. This value
corresponds well to our reported value of 1.9±0.2 eV (table 8.1) for Pt induced crystallization.
However, for some metals, the Cu3Au rule suggest the metal atom as the dominant diffusing
element. One such material is Cu as metal rich Cu3Si or Cu3Ge is formed immediately prior
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Figure 8.28: Overview of the melting temperatures of different Metal/Si and Metal/Ge composi-
tions based on the respective phase diagrams (solidus line). The concentration of
the phase present when the crystallization starts is indicated by a black dot for each
metal/semiconductor combination.
8.3. MODELS AND INTERPRETATION 175
Semi- Metal Ea Error Silicide/ DDS EaDiff(M) EaDiff(Si) Ref
Conductor (eV) (eV) Germanide (eV) (eV)
a-Si 4.2 0.7 / Si / 4.37 [249]
Ni 3.5 0.7 NiSi2 Ni 1.6 [48]
Pd 2.8 0.6 PdSi Pd/Si
Pt 1.9 0.2 PtSi Pt/Si 1.5 - 1.6 2.1 [48, 50]
Cu 2.2 0.5 Cu3Si Cu 0.95 [250]
a-Ge 3.2 0.6 / Ge / 3.14 [244]
Ni 1.9 0.3 NiGe 1.3 [251]
Pd 2.5 0.5 PdGe Ge [200]
Pt 2.4 0.4 PtGe2 Ge [252]
Cu 1.7 0.3 Cu3Ge Cu 0.94 [250]
Table 8.5: Activation energy for the crystallization process for various metals. The observed Ea
are compared to the literature values for Ea of metal diffusion during silicide growth
(EaDiff(M)) and the self-diffusion of Si in the silicide (EaDiff(Si)).
to crystallization of the respective semiconductors. Based on the Cu3Au rule, the (bulk)
diffusion of Cu is expected as the rate defining step in these compounds. For the Cu/a-Si
sample, this was verified as the observed crystallization temperature of the a-Si film using a
Cu toplayer (around 450◦C, figure 8.3) lies in the temperature range (450-470◦C) in which the
bulk diffusion of Cu becomes more significant than the corresponding grain-boundary diffusion
[250]. In addition, the Ea of the crystallization processes induced by Cu3Si or Cu3Ge are
much higher than the reported Ea for the growth of both phases. As phase growth is primarily
governed by grain boundary diffusion and bulk diffusion is generally much slower, the higher
Ea might indicate the importance of bulk diffusion during the crystallization process.
Conclusion The observations discussed in the previous paragraphs, indicate the existence
of silicide or germanide nodules in our experiments. However, because the thickness of the
silicide or germanide film formed in our samples is somewhere in the range between 60 and 110
nm, depending on the metal used, it is unlikely that these films will break up into nodules.
Instead we propose that, during the formation of the silicide film, some metal atoms will
diffuse into the amorphous layer and find some nucleation sites at defects (figure 8.23, b). At
these defects, silicide precipitates (nodules) grow until a certain critical size has been reached
after which the nodules will begin to migrate through the amorphous layer and induce the
crystallization process (figure 8.23, c and d). This model is in agreement with the findings
of Kim et al. [20] and Jang et al. [215] and can explain why Cu, Ni and Pd (fast diffusing
metals in Si and Ge) belong to the metals which lower the crystallization temperature the
most (figure 8.4). It also explains why the crystallization temperature is independent of the
metal film thickness (section 8.2.4) as the crystallization is induced by the nodules and not
by the simultaneously formed silicide or germanide layer. The formation of the nodules is
thus dependent on the solubility and the diffusivity of the metal into the a-Si or a-Ge film,
properties which are unaffected by film thickness variation.
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8.4 Conclusions
In this chapter, the Metal Induced Crystallization (MIC) of a-Si and a-Ge was surveyed
using 23 different metals. The presence of the metal film always lowered the crystallization
temperature of the amorphous semiconductor. For both semiconductors, Au, Al, Cu, Ag,
Ni and Pd are amongst the materials which lower the crystallization temperature the most.
A Pt film provides good results on a-Si while Mn lowers the crystallization temperature
of a-Ge significantly. The apparent activation energies for the crystallization process were
determined for these materials. By comparing these values with limited reported values for
self-diffusion in literature, the crystallization process was found to be diffusion controlled.
This theory was further supported by the good correlation that was found between the initial
crystallization temperature and about 2/3 of either the eutectic temperature (Au, Al and Ag)
or the melting temperature of the silicide/germanide present when the crystallization starts
(compound forming metals). The results showed a lot of similarities for the MIC process on
both semiconductors and two models for the MIC process on a-Si could be used to describe
the observed phenomena. Two groups could be discerned. For eutectic reacting metals, a
clear 2-step crystallization process was found. The first crystallization step appeared to be
limited by the diffusion of Si(Ge) into the metal layer and the second step by the appearance
of a diffusion enhancing Si(Ge) containing liquid. For compound forming materials, the
crystallization was found to be delayed until after the formation of a silicide or germanide
phase. In this case, the diffusion through this phase was identified as the rate limiting step.
Chapter 9
Conclusions
In this work, we have demonstrated that the combination of several complementary in situ
techniques (XRD, RBS, LLS and sheet resistance) allows for a fast determination of compound
formation and crystallization in thin film systems.
Part I: In situ XRD study of solid state reactions during thin film silicide/germanide
formation
In the first part of this PhD, the fast in situ characterization techniques were used to study the
phase formation, phase sequence and phase formation kinetics in several binary and ternary
M/Si or M/Ge systems. These systems were selected based on interesting electrical properties
of their respective silicide or germanide phases which make them possible candidates for
contact applications in future micro-electronics. More specifically, the following systems were
studied:
1. The Y/Si, Gd/Si, Dy/Si, Er/Si and Yb/Si thin film systems and the influence of Yb
on the Ni/Si system because of the reported low Schottky barrier height of rare earth
(RE) metal silicides on n-type Si [1, 2, 3].
2. The Ir/Si system and the influence of Ir on the Ni/Si system because of the low Schottky
barrier height of Ir silicides on p-type Si [4, 5].
3. The Pd/Ge system as PdGe was suggested as one of the most promising candidates for
contact applications in Ge-based devices by Gaudet et al. [6].
The RE/Si systems For the RE/Si systems, a different phase sequence was found de-
pending on the mass of the RE metal as a hexagonal h-MSi2−x phase immediately formed
out of the deposited metal film for light RE elements (Y, Gd) while for the heavier RE metals
(Dy, Er, Yb), the h-MSi2−x formation was preceded by the formation of an intermediate
M5Si3 phase. The different phase sequence did not influence the texture of the h-MSi2−x
films as an epitaxial relationship was identified on each of the studied single crystalline sub-
strates (Si(100), Si(110) and Si(111)) which was identical for all of the studied RE metals.
A complex relationship was established between the quality of these epitaxial relationships
and the formation temperatures of the h-MSi2−x phase as the difference in interface energy
due to the epitaxial growth was counterbalanced by large strain effects caused by the large
volume differences associated with h-MSi2−x formation. In contrast, the shift in formation
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temperatures of the orthorhombic o-GdSi2 phase (the only high temperature phase detected
in our measurements) could be directly linked to the epitaxial quality of the h-GdSi2−x film
as in this case the associated volume differences are minimal.
The Ni/Yb/Si system The initial phase formation in the Ni/Yb/Si system was very
dependent on the Yb concentration and the as-deposited structure of the sample (alloy or
interlayer). In general, Ni-silicide formation was favored for low Yb concentrations while
Ni-Yb compounds formed readily in Yb rich samples. After the initial phase formation,
the simultaneous presence of NiSi and a ternary Y bNi2Si2 phase was observed in all our
experiments. Although ternary phase formation in thin film systems is rare, the formation of
a ternary phase in this system could be explained based on the large difference in atomic size
between Yb and both Ni and Si. The Y bNi2Si2 phase broke down into several unidentified
Y bxSiyOz phases near 800
◦C while the transformation of NiSi into NiSi2 was observed at
higher temperatures.
In all our samples, a shift of the Yb atoms toward the sample surface was observed. As the
growth of the NiSi phase was observed at the substrate interface for all samples independent
of their as-deposited structure, this shift could be linked to Yb segregation out of the growing
NiSi film. However, because of the detection limit of RBS measurements, the presence of a
small Yb concentration at the NiSi/Si interface could not be excluded.
The Ir/Si system In the Ir/Si system, the sequential formation of IrSi, Ir3Si4, Ir3Si5 and
IrSi3 was detected independent of the orientation or dopant level of the Si substrate. The
formation of Ir3Si4 during the thin film Ir/Si solid state reaction was not reported before
in literature. This omission in earlier reports is probably related to the small temperature
interval in which it is stable. In addition, the observed crystallization of an amorphous IrSi
phase near 400 ◦C indicated that the Ir and Si atoms already interacted during the deposition
process. Using a Kissinger analysis, the apparent activation energy for this crystallization
process and for the growth of IrSi, Ir3Si4 and Ir3Si5 was determined. Comparison of these
values with values from literature suggested a diffusion controlled growth for all of the studied
phases.
The Ni/Ir/Si system The addition of up to 25 % of Ir to the Ni/Si system only had a small
effect on the observed phase sequence as only the subsequent formation of Ni-rich silicides,
NiSi and NiSi2 was detected on all of the studied substrates. The Ir addition delayed the
formation of the NiSi phase while the NiSi2 formation temperature was significantly lowered
with increasing Ir concentration. The shift in formation temperatures could be linked to a
different Ir solubility in NiSi and NiSi2. A limited solubility of Ir in the NiSi phase decreased
the diffusion through, and consequently the formation of this phase. On the other hand,
the difference in mixing entropy caused by the Ir solubility difference lowered the nucleation
temperature of NiSi2. The formation of the NiSi2 phase at lower temperatures prevented
agglomeration of the silicide film and a low sheet resistance (< 20 Ω/ ) was observed up to
850 - 900 ◦C depending on the Si substrate.
PdGe For the Pd/Ge system, the reported phase sequence of Pd2Ge followed by PdGe was
verified on all substrates and for all of the studied thicknesses. The formation temperature
of both phases was significantly lower on the amorphous substrate. An epitaxial relationship
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was identified between Pd2Ge and both Ge(100) and Ge(111). However, only on Ge(111) was
the quality of the epitaxial relationship sufficient to delay the PdGe formation. Independent
of the thickness of the as-deposited film, the simultaneous formation of both Pd2Ge and
PdGe was detected and the kinetics of these reactions were determined using an Arrhenius
analysis and a Kissinger analysis on in situ XRD and RBS measurements and by fitting the
RBS results with a model for linear-parabolic growth.
Part II: In situ XRD study of crystallization in thin films
In the second part of this PhD, the in situ techniques were used to study the influence of
23 different metals on the crystallization of a 200 nm a-Si or a-Ge film. The presence of the
metal film lowered the crystallization temperature of the amorphous semiconductor for each
of the studied metals. For both semiconductors, Au, Al, Cu, Ag, Ni and Pd are amongst
the materials which lower the crystallization temperature the most. A Pt film provided good
results on a-Si while Mn lowered the crystallization temperature of a-Ge significantly.
Two groups could be discerned based on the reaction between metal and semiconductor.
Eutectic reacting metals For eutectic reacting metals (Au, Al, Ag), the crystallization
behavior on both semiconductors could be explained using the model proposed by Nast and
Wenham [223] for Al-induced crystallization of a-Si as, based on our kinetic study, the crys-
tallization rate during the initial crystallization step could be linked to diffusion of Si or Ge
atoms into the metal film. In addition, based on the model of Nast et al., the indiffused Si
or Ge atoms crystallize at preferential sites in the metal film into fractal shaped patterns
which continuously grow until a completely polycrystalline Si or Ge film is formed at the
position of the original metal film. This theory corresponds well with the behavior which was
observed in our SEM images. However, based on our results, a second crystallization step
needs to be integrated into the model of Nast et al. as a two step crystallization process was
observed in all our experiments with the second step appearing near the eutectic temperature
of the respective M/Si system. As diffusion was identified as the rate controlling mechanism
during the MIC, the increased crystallization rate during the second step was attributed to
the appearance of a diffusion enhancing Si or Ge containing liquid.
Compound forming metals For compound forming materials (the remaining metals stud-
ied in this work), a good correlation was found between the initial crystallization temperature
and about 2/3 of the melting temperature of the silicide or germanide present when the crystal-
lization starts. As elements inside a phase typically become mobile around 2/3 of the melting
temperature of that phase, this indicated that the MIC process for compound forming metals
is controlled by the diffusion of elements through the respective silicide or germanide phases.
Although only limited information concerning the diffusion in silicides and germanides was
available in literature, a kinetic study which was performed for 4 compound forming metals
(Cu, Ni, Pd, Pt) further supported the link between the crystallization rate and the diffusion
process. As a result, our experimental results allowed us to postulate that the model of Jin
et al. [208] for Ni-induced crystallization in which the crystallization is determined by the
diffusion of silicide nodules through the amorphous film, can be used to explain the MIC
process of all compound forming metals for both a-Si and a-Ge thin films.
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Appendix A
A Linear-Parabolic growth model
for multiple phases
In this chapter, we extend the theoretical treatment of section 2.3 and derive a general equa-
tion for the growth of a single phase when multiple phases are growing (simultaneously)
according to linear-parabolic kinetics (figure A.1). The presented theory is based on the
model proposed by Barge et al. [39] for diffusion controlled ‘parabolic’ growth which is ex-
tended with the linear interface reaction suggested by Nemouchi et al. [42, 43, 195] during
their study of the kinetics of Ni/Si and Ni/Ge thin film systems.
Figure A.1: A schematic representation of a general A/B system in which the phase ApBq, ArBs
and AtBu grow according to linear-parabolic kinetics. The reactions which govern the
growth of the ArBs phase are also shown.
If we assume that the mobility of element A is much higher than that of element B and
thus that only the diffusion of A has to be taken into account, the growth of the phase ArBs
is determined by the reactions shown in figure A.1.
Growth at interface (1) At interface (1), the growth of the ArBs phase (dL
1
II/dt) is the
result of a balance between the growth of this phase due to the dissociation of ApBq (dL
1+
II /dt,
based on the flux of A through phase II) and the consumption of this phase because of the
181
182APPENDIX A. A LINEAR-PARABOLIC GROWTH MODEL FOR MULTIPLE PHASES












II − jIΩ1II (A.1)
In this equation, Ωij represents the volume of phase j created or consumed at interface i
(per diffusing atom) which can be determined based on the interface reactions shown in figure
A.1. For example, the volume of phase II created due to the dissociation of one molecule ApBq
at interface (1) is given by:
Ω1II = qφΩII (A.2)
with φ = 1sp−qr and ΩII the volume occupied by a formula unit of ArBs.
Because we assume that all phases grow according to linear-parabolic kinetics, the flux
through each phase is correctly modeled using the generalized Nernst-Einstein equation 2.25
derived in section 2.3.3. For the flux through phase ArBs this results in:







in which XII , NII and αII represent respectively the atomic fraction of the diffusing species
(=r/(r+s)), the total number of atoms per volume unit and the effective diffusivity (equation
2.15) in phase II.
Combining equations A.2 and A.3 and taking into account that ΩIINII = r + s, we can















The determination of the fraction of the ArBs phase that is consumed at interface (1) per
diffusing atom A is more complex. However, dL1−II /dt is linked to the increase of the ApBq




























































in which χ = 1ur−st and ν =
ΩII
ΩIII
Total growth of phase ArBs Taking into account the growth at both interfaces (equations













This is the general equation which models the growth of a single phase when multiple phase
grow according to linear-parabolic kinetics. The growth is influenced by the stoichiometry,
the volume per formula unit and the effective diffusivity of the element A in the phase itself
and in both the preceding and the subsequent phase.
By adapting the parameters in this equation to the specific situation, the equation can be
used to describe (assuming A is still the only moving element):
• The growth of the most A rich phase 1 (L1)→ φ = 0
• The growth of the most B rich phase 2 (L3)→ χ = 0
• The parabolic growth of one phase (Li)→ Ki =∞
In addition, the same treatment can be repeated for the system assuming that B is the
most mobile element which will result in the same general equation A.10 applied to different

























As reaction between the different phases is only allowed at the interfaces, the mobility
of both elements will not influence the results obtained for each individual subsystem and
thus the general equation which is valid if both elements are mobile is the combination of
equations A.10 and A.11.
1This also implies a film of pure metal A = A1B0
2This also implies a film of pure metal B = A0B1
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